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Abstract

The research work presented in this thesis concerns the synthesis, the characterization and
application of ceramic materials synthesized through the controlled pyrolysis of preceramic
polymers mixed with fillers of different nature.

The introduction of fillers (passive or active) has been recognized as one of the most effec-
tive strategies to decrease, or even totally compensate, the shrinkage that inevitably accompa-
nies the polymer-to-ceramic conversion of preceramic polymers, thus allowing the realization
of relatively large ceramic components.

During the present research work, the possibility of synthesizing a wide variety of crys-
talline ceramics — generally not directly achievable with the standard PDCs route, ranging
from silicates (mullite/ZrO;, zircon, cordierite, yttrium-silicates, wollastonite) to ceramics
in the Si-Al-O-N system — by the controlled pyrolysis of preceramic polymers filled with
nano-sized ceramic particles has been extensively explored. Thanks to the presence of a
polymeric phase, different shaping technologies were tested for the different ceramics, such
as cold pressing, warm-pressing, extrusion assisted by supercritical CO,, coating, deposi-
tion of thin layers, joining, self-foaming and the use of sacrificial fillers for the generation of
highly-controllable porosity.

For each system, the reactions involved during the synthesis process, as well as the proper-
ties of the final ceramics, have been studied. Some examples of possible applications are also
presented.

The realization of silicates ceramics, in general, was characterized by a relatively simple
processing and favorable synthesis characteristics. Possible applications of this class of ceram-
ics include high-temperature components with favorable structural, thermal and/or chemical
characteristics (e.g. mullite/ZrO;,, zircon, cordierite, yttrium-silicates), as well as functional
materials such as inorganic phosphors (yttrium-silicates) and biocompatible/bioactive parts
for bone tissue engineering (wollastonite).

The successful synthesis at relatively low temperatures of high-purity, sub-micrometric Si-
Al-O-N ceramics was also demonstrated, although characterized by a complex reaction sys-
tem. Sialon ceramics from preceramic polymer-based formulations were successfully applied
as sintering aids for SizN4 powders (offering, in principle, improved creep resistance) and as
joining media for the joining of sialon substrates. Finally, preliminary results concerning the
realization of sialon phosphors for LED applications are reported.
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Riassunto

L’attivita di ricerca presentata nella presente tesi ha riguardato la sintesi, la caratterizzazione
e le possibili applicazioni di materiali ceramici avanzati, prodotti dalla pirolisi controllata di
polimeri preceramici caricati con riempitivi (“fillers”) di diversa natura. L'introduzione di
fillers (inerti o "attivi”) rappresenta sicuramente una delle strategie pit1 adottate per ottenere
una efficace riduzione, o addirittura una totale compensazione, del ritiro volumetrico asso-
ciato alla conversione da polimero a ceramico di tali precursori, in modo da consentire la
realizzazione di componenti ceramici integri di dimensioni relativamente grandi.

Durante lattivita svolta, e stata studiata la possibilita di sintetizzare un’ampia varieta di ce-
ramici cristallini — generalmente non ottenibili in modo diretto attraverso la cosiddetta tecnica
"PDCs” (Polymer Derived Ceramics), quali silicati (mullite/ZrO,, zircone, cordierite, silicati
di yttrio e wollastonite) e ceramici nel sistema Si-Al-O-N - attraverso al pirolisi controllata di
polimeri preceramici caricati con nano particelle ceramiche.

Grazie alla presenza di una componente polimerica all'interno della miscela di partenza,
per la realizzazione dei campioni sono state sfruttate diverse tecnologie di formatura, quali
pressatura a freddo, pressatura a caldo, estrusione, rivestimento di subtrati, formazione in-
situ di pori e l'utilizzo di fillers sacrificali per la creazione di porosita altamente controllabile.

Per ogni sistema ceramico sono state analizzate le reazioni chimico/cristallografiche coin-
volte nel processo di sintesi, cosi come le proprieta dei ceramici finali. Inoltre, vengono
presentati alcuni esempi di possibili applicazioni di tali ceramici.

La realizzazione di silicati si & visto essere caratterizzata, in generale, da una semplice pro-
cessabilita e da caratteristiche di sintesi piuttosto favorevoli. Tali sistemi ceramici possono
essere applicati sia come componenti strutturali e/o isolanti per applicazioni ad alta tem-
peratura (mullite/ZrO,, zircone, cordierite, silicati di yttrio), sia per applicazioni funzionali
come fosfori inorganici (silicati di ittrio) e componenti biocompatibili/bioattivi per impianti
ossei (wollastonite).

Infine, & stato possibile sintetizzare ceramici silico-alumino-ossinitruri (”sialon”) di ele-
vata purezza e grana sub-micrometrica, anche se attraverso reazioni pilt complesse, legate
alla complessita del sistema ceramico Si-Al-O-N. I ceramici sialon ottenuti attraverso questa
nuova metodologia sono stati utilizzati con successo sia come additivi di sinterizzazione per
la densificazione di polveri di SizNy4, sia come materiale di giunzione per l'unione di sub-
strati massivi di sialon. Inoltre vengono presentati alcuni risultati preliminari riguardanti la

realizzazione di fosfori a base sialon, per applicazioni nel campo dei LED.
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Chapter 1

PDCs - Polymer Derived Ceramics

1.1 Introduction

Polymer Derived Ceramics (PDCs), as the name suggests, represents a synthesis route for the
realization of ceramic components through the controlled pyrolysis of polymeric precursors.
Aspects such as the wide variety of precursors, their easy-handling and simple shaping tech-
nologies that could be applied, make PDCs an extremely promising route for the realization
of a new class of materials with unique and exceptional properties.

First experiments concerning this new synthesis strategy were made in the early 1960s by
Ainger and Herbert!, and Chantrell and Popper?, concerning the production of non-oxide
ceramics starting from molecular precursors. Ten years later, in the early 1970s, the first
practical transformation of polyorganosilicon compounds (polysilazanes, polysiloxanes and
polycarbosilanes) to ceramic materials was developed by Verbeek, Winter and Mansmann®~,
primarily for the manufacturing of small-diameter SizN4/SiC ceramic fibers for high temper-
ature applications. Synthesis of SiC materials was further developed by the work of Fritz and
Raabe®, almost at the same time, the work of Yajima’®. The subsequent so-called Yajima pro-
cess for the synthesis of SiC is mainly based on the thermolysis process of polycarbosilanes
in inert Ar atmosphere.

Silicon-based polymeric precursors demonstrated to be excellent candidates for the real-
ization of many technologically important ceramic components such as fibers, coatings, in-
filtrated porous media and complex bulk parts. After these discoveries and first successful
experiments, the growing interest for this new methodology led to further significant im-
provements of their chemistry, synthesis, processing and properties. Many different classes
of preceramic polymers have been synthesized in the last decades, the most important being
polysiloxanes, polysilazanes and polycarbosilanes. With this methodology it was possible
to obtain not only binary ceramics such as SizNy or SiC, but also more complex composi-
tions in the SiOC and SiCN systems. Increasing the sophistication of the starting precursors
could lead to further improvements of the properties of the final ceramics: the introduction
of boron atoms inside the starting polymers could produce ceramics in the quaternary SiBCN
system. Furthermore, the chemical modification of the starting polymers with precursors of
metallic elements like Al, Zr and Ti could provide a further increase of the complexity of the
system, for the realization of ceramic components with a wider variety of composition, and
with outstanding thermal properties.

The relatively low cost of the precursors, the wide variety of compositions achievable, the

characteristic microstructure (which is, in most cases, impossible to be achieved by conven-
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tional methods), the unique and exceptional thermo-mechanical and chemical properties of
the final ceramics, the possibility of shaping the precursors using well-estabilished, conven-
tional polymer-forming technologies such as Polymer Infiltration Pyrolysis (PIP), injection
molding, coating, extrusion, Resin Transfer Molding (RTM), fiber drawing and many others,
makes this methodology an extremely promising route for a relatively simple realization of
ceramic components.

In the next Sections, the most significant aspects of the PDCs route will be described, with
particular attention to the chemistry of preceramic polymers, their processing the properties
of the final ceramics.

1.2 Preceramic polymers chemistry

1.2.1 General aspects

Preceramic polymer could be generally be referred as a class of hybrid materials, consist-
ing of Si-based polymeric chains, and side chain functionalities. A simple and schematic
representation of a silicon-based polymer monomeric unit is reported in Fig.1.1.

Ilzl
T
R2 n
Figure 1.1: General simplified formula of silicon-based preceramic polymers.

Table 1.1: Principal classes of silicon-based preceramic polymers, based on the nature of the X group
inside polymers backbone.

X group Polymer class
@) Polysiloxanes, Polysilsesquioxanes
C Polycarbosilanes
N Polysilazanes, Polysilsesquiazanes
B Polyborosilanes

The main backbone is constituted by silicon atoms bonded to a generic X group, with X=5i,
O, NH, CH; or N=C=N. The nature of X is the probably the most important variable, since
it determines the class of the final polymer: Si-Si backbone defines the polysilanes class,
while Si-O, Si-NH, Si-BR, Si-CH; and Si-N=C=N define the polysiloxanes, polysilazanes,
polyborosilanes, polycarbosilanes and polysilylcarbodiimides, respectively.

R! and R? instead represent generic side chain functional groups, generally carbon-based
(e.g. H, alkyl, aryl, etc.). The nature of these side groups is fundamental in determining
the global properties and characteristics of the polymer, especially during their processing
before the pyrolysis step. By modifying R groups, properties like solubility, thermal stability
and viscosity as a function of the temperature could be easily tailored*'’. Moreover, suitable
functionalities are necessary to achieve the polymer setting through cross-linking reactions
before the pyrolysis step (see Section 1.3.2, the nature of which is strictly related to the nature
of the side groups involved (e.g. condensation reactions in the case of -OH functionalities,
addition reactions in the case of —vinyl groups). Upon pyrolysis instead, the nature and the
quantity of the different side groups is well known to determine the residual carbon content

in the final ceramics (if a non-oxidizing atmosphere is used during pyrolysis).
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Figure 1.2: Main classes of silicon-based preceramic polymers in the Si-O-C-N-B system .

In principle, since more than one X group could be present at the same time inside the poly-
mer backbone, a wider range of possible polymer compositions must be considered /12, As
an example, polyborosilazanes are a class of hybrid polymers where both X=B and X=N are
present in the main chain. A more comprehensive description and graphical representation
of silicon-based preceramic polymers is thus reported in Fig. 1.2, as schematized by Colombo
etal.”.

Although an extremely wide variety of preceramic polymers is, in principle, achievable,
not all the classes of preceramic polymers have become equally “popular” and widespread
during the last decades. Beside the mere properties and performances of the final ceram-
ics, other factors must be considered during the selection of a preceramic polymer. The cost
of the precursors is, as always, one of the most important parameters of a material or a
component, especially under an industrial point of view. Another important factor is repre-
sented by the specific handling that every precursor requires, which could be influenced by
its chemical durability, thermal stability, toxicity and reactivity towards the atmosphere or
other substances, which inevitably influences all the aspects of its processing.

Above all, polysiloxanes represent surely the most studied class of preceramic polymers '*'*
their high thermo-chemical stability and low price make them the preferred choice for the
easy realization of silicon oxycarbide glasses with extremely interesting thermo-mechanical
properties up to approximately 1200°C.

When higher thermal stability is required, other classes of preceramic polymers should
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be chosen, like polysilazane (for temperatures up to approximately 1400°C) or polyboron-
silazanes (for temperatures up to approximately 1600°C). The higher performances of these
other polymers are accompanied by higher prices of the precursors, more complex synthesis
routes, generally higher reactivity towards other substances (above all, moisture and oxygen)
and higher toxicity, which often increase processing complexity and hinder their applicability
on an industrial scale.

The most important synthesis routes for the production of silicon-based polymers are based
on chlorosilanes as starting compounds”!'!"1>. Other synthesis methods have been proposed
during the last decades (e.g. sol-gel), but the fact that chlorosilanes are, in many cases,
byproducts of the silicone industry, makes this class of precursors very attractive for their low
cost, availability, and high purity, which could be easily achieved by distillation'!. Their gen-
eral formula is RySiCly_,, where x=0-3 and R is a generic side group. Nowadays, the chem-
istry of organochlorosilanes is very well known, and the reactivity of this class of compounds
has been extensively exploited for the synthesis of many different organosilicon polymers
such as polysilanes, polycarbosilanes, polyorganosilazanes, polyborosilazanes, polysilylcar-
bodiimides, polysilsesquioxanes, etc. A more detailed discussion about the synthesis routes
of the most important classes of preceramic polymers is reported in the next sections.

1.2.2 Main polymers classes
Polysiloxanes

Polysiloxanes are surely the most important class of preceramic polymers. The main reasons
for their widespread utilization are related to their generally low cost (the lowest among
all Si-based polymers), their easy and cheap synthesis route, and finally their interesting
thermo-chemical stability, which makes this class of precursors very versatile, easy to handle
and processable under normal conditions without any particular precaution '*2°.

Besides their use as preceramic precursors, they are widely available in other more com-
mon applications like sealants, lubricants, adhesives and gaskets. They are generally order-
less, colorless, water resistant, chemical resistant, electrically insulating and stable at high
temperatures. Their higher thermal stability, together with relatively high melting and boil-
ing points, make this class of polymers the preferred choice when organic polymers are not
applicable. Typical applications are as sealants, coolants in transformers, long lasting motor-
insulation, lubricants for bearings, foam-control agent in laundry detergents or as coatings to
protect facades and historical monuments.

Polysiloxanes are widely used even in other high-tech fields like aerospace industry, or as
protecting materials in the semiconductor industry, or during the processing of products like
optical glass fibers, silicon wafers and chips. They are widely used as adhesion promoters in
glues, sealants, pigments and paints, but also in the textiles and rubber industry. Moreover,
their extremely low reactivity generally makes them non-toxic, and for this reason they can
be used also in the personal care products industry, in biomedical applications like breast
implants, or even as oral anti-foaming agent (e.g. simethicone) or as food additives.

Thanks to their extremely interesting properties and the continuous development of this
class of polymers, polysiloxanes market is expected to further grow and to find new appli-
cations, like for example as high oxygen permeable contact lenses, adhesive foams, synthetic
fabric, waterproof membranes, process aids, or in lithographic applications °.

The most important synthesis route for the realization of polysiloxanes consists on the

reaction of chloro(organo)silanes with water, as schematized in Fig. 1.3.
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Figure 1.3: Synthesis route to polysiloxanes starting from chlorosilanes’.

Other synthesis routes have been proposed for the realization of polysiloxanes. Polycon-
densation reaction of functionalized linear silanes and ring-opening polymerization of cyclic
silaethers lead to the synthesis of silicon-rich polysiloxanes, which combine the properties of
polysiloxanes with those of polysilanes.

Besides linear or cyclic polymers, another important subclass are polysilsesquioxanes, char-
acterized by the general formula —[RSi-Oj 5],— This particular class of siloxanes is charac-
terized by a highly-branched molecular structure, which can have many different possible
configurations, such as random, “ladder” or “cage” structure, as reported in Fig. 1.4. Due
to their high branching level, this class of polymers is often referred as silicon resins. They
are generally solid at room temperature, and characterized by very high ceramic yields upon
pyrolysis.
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Figure 1.4: Possible structures of polysilsesquioxanes”.

Pyrolysis of polysiloxanes in non-oxidizing atmospheres give the formation of a silicon
oxycarbide amorphous residue. This amorphous network of both Si-O and Si-C bonds is
formed upon pyrolysis at relatively low temperatures, which is impossible to be obtained
with more traditional processing techniques. The presence of both covalent bonds is the
basis for all the distinguishing properties of PDCs, like enhanced thermal stability and creep,
oxidation and corrosion resistance. They are black in aspect, because of the residual "free"
carbon present inside the material.

Polysilazane

Polysilazanes are polymers characterized by a main backbone constituted by alternate sil-

icon and nitrogen atoms. They generally offer enhanced performances both in the poly-
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meric and in the pyrolyzed state, if compared to the most widespread polysiloxanes. As
polymers, polysilazanes are very versatile materials, and represent an excellent choice when
high-temperature stability, corrosion resistance and durability are critical factors '>2!.

Presently, polysilazanes are commercially available and they are mainly used for the re-
alization of high-temperature SiN or SiCN ceramic coating/components, and especially as
coatings in the polymeric state. Polysilazanes have demonstrated to be excellent materials
for the realization of protective coatings, thanks to their excellent oxidation and corrosion
resistance, UV stability and high hardness. These polymers adhere tenaciously to a wide
range of different substrates, including metals, composites, graphite and glass. The have
been successfully applied as clear, protective coatings for a lot of different metal alloys (both
ferrous and non-ferrous), as clear automotive finishes, thermally durable clear coats, tarnish-
resistant clear coats for electrical and plumbing fixtures, industrial, infrastructure and marine
coatings, and anti-graffiti coatings for building facades. They have been successfully applied
as protective coatings against corrosion in salt environments such as metallic structure in
marine water or automobile components, or in industrial applications like pump and engine
components, pipelines and tanks; for aerospace applications like structural composites and
radome, for electrical insulation, for waterproofing surfaces and for mechanical protection of
optical surfaces and indoor flooring.

Other peculiar applications include cements, since they posses properties to combine chem-
ically and/or micro-structurally and/or structurally similar or dissimilar materials including,
for example, metals, minerals, ceramics, polymers, natural materials, metal-, ceramic- and
polymer-matrix composites, and combinations thereof. They could be used for the realization
of hard and soft contact lenses, membranes, clear transparent/translucent bodies in general,
photographic films, transparency sheets and packaging for food. They may be used as sur-
face modifiers for compatibilizing inorganic/organic interfaces, or as binders for polymers,
mineral, ceramic or metal fillers for the realization of monoliths.

Polysilazanes are generally synthesized by ammonolysis reactions of chlorosilanes with
ammonia or other different amines, as schematized in Fig. 1.5.

Ammonolysis '? |_||
- o]
R +NH, -NH,CI R n
CI—S:i—CI
R R R

\J

Aminolysis ro
fovd
+H,NR' -H,NR'CI R n

Figure 1.5: Synthesis routes to poly(organo)silazanes starting from chlorosilanes '°.

The main drawback of this synthesis route is the need of separate the polymeric product
from the solid byproducts NH4Cl and H3NRCI. The product of the final reaction is generally
a mixture of oligomers and low molecular weight polymers, which can easily volatilize and
depolymerize, giving low ceramic yields. For this reason, a lot of effort has been devoted to
the modification of silazane oligomers into non volatile precursors. Appropriate side-chain

groups should be attached to the silicon atoms in order to increase the cross-linking efficiency.
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Different organic groups could be attached also to nitrogen atoms, when these polymers are
synthesized by ammonolysis with alkylamines. Other strategies have been proposed, such as
the use of a KH basic catalyst, the cross-linking in the presence of transition-metal complexes,

or the modification of silazane oligomers with urea or isocyanate-containing compounds”.

Polycarbosilanes

Polycarbosilanes represents one of the most interesting and technologically relevant classes
of preceramic polymers. The main interests that have led to the synthesis and constant
improvement of polycarbosilanes were focused on the realization of precursors for silicon
carbide, and this class of silicon-based polymers represented one of the first successful appli-
cation of the PDCs route, i.e. high-performance SiC fibers (Nicalon™by Nippon Carbon Co.,
and Tyranno™by UBE Industries), by the pioneering work of Verbeek and of Yajima®7/%,
Like polisilanes, polycarbosilanes can also find applications as functional materials, such as
photoresist and semiconductors. Because of their electric conductivity, unsaturated polycar-
bosilanes could be used in electronic applications such as compact capacitors, electromagnetic
shielding of computers, piezoelectric sensors, smart windows (with tunable color and trans-

2223 Because of their

parency), antistatic coatings, transistors, LEDs, lasers and solar cells
intriguing properties, other more fundamental and theoretical studies have been done on
their chemical and electronic structure, to answer important fundamental questions regard-
ing the structure and the properties of compounds and polymers that contain both carbon
and silicon in their backbone. In terms of properties, this class of polymers cover the gap
between the “classic” biological and petrochemical polymers and the mineralogical and syn-
thesized ceramics.

Polycarbosilanes are often schematized by the following oversimplified formula (Fig. 1.6):

f Eﬁv‘sﬁ

Figure 1.6: General oversimplified representation of polycarbosilanes.

In fact, polycarbosilanes generally show a much more complex structure. Besides the Si-C
bond, Si-Si bonds could be present, as well as complex hyperbranched structures, thus mod-
ifying both the global Si:C ratio and the final ceramic yield. Many of these different features
could be obtained by modifications of the synthesis strategy, but a simple and comprehensive
summary of all the different synthesis routes is difficult to be made.

The very first and most famous approach was proposed by Yajima, and is schematized in
Fig. 1.7.

Kumada

. . . rearrangement .
dichlorosilane ——— polysilane » polycarbosilane

(PS) (PCS)

Figure 1.7: Synthesis strategy for polycarbosilanes proposed by Yajima’/, starting from dichlorosilane
and polysilane and based on the Kumada rearrangement?*.

The second step of the Yajima strategy, which represents the PS-to-PCS conversion, is of-

ten referred as the “Kumada rearrangement” (due to the work of Kumada?*). This step is

25

considered to be the most critical in terms of yield and reaction conditions~, and consists
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of thermally-activated reactions that lead to the cleavage of Si-Si bonds and the formation of
Si—C bonds, as schematized in Fig. 1.8 (Kumada rearrangement for polydimethylsilane).

C,:Hs ] 450°C, 100 kPa C,:Hs (,3"'3

+Si > +Si-CH+ + +Si-CH+
1 Jn 1 2 m I 2 o
CH3 CH3 H

Figure 1.8: Kumada rearrangement for polydimethylsilane''.

Other alternative synthesis routes have been proposed for the realization of other types
of polycarbosilanes, such as ring-opening polymerization reactions, polycondensation of
chloromethylchlorosilanes, hydrosililation reactions, polycondensation of chlorosilanes with
unsaturated hydrocarbons, and many others*.

Polysilanes

Polisilanes are a class of polymers characterized by a one-dimensional silicon backbone and

%6, mainly

organic side-chain groups. They have been the subject for a lot of investigations
because of their intriguing optoelectronic properties, that originates from the so-called o-
conjugation. Alkylsilanes exhibit unique electronic, physical and chemical properties that
distinguish them from the analogous saturated hydrocarbons, and that make this compounds
possible candidates for applications in photoconducting and charge-transporting materials.

Polysilanes (as well as polycarbosilanes) are increasingly used as functional materials such
as photoresists, semiconductors, hole-transporting materials and as precursors for silicon
carbide ceramics.

The typical synthesis reaction for the synthesis of polysilanes is reported in Fig. 1.9. This
reaction was proposed for the first time in 1921 by Kipping?’, and nowadays still remains
one of the most common synthesis routes for the production of polysilanes.

+Na
| Toluene |
Cl-Si-CIl ——> Sll‘i|‘
é -NaCl R N

Figure 1.9: Synthesis routes to polysilanes starting from chlorosilanes”.

1.3 Preceramic polymers processing

1.3.1 Shaping

Shaping of preceramic polymer is one of the most advantageous aspects of the PDCs route. If
compared with common powder processing routes, having a fully (or partially, in the case of
fillers insertion) polymeric system has the potential advantage of an easy fabrication of green
compacts with no need for additional binders, that show a suitable mechanical consistency
for further handling and, if required, machining (after the cross-linking step). Moreover, the
possibility of obtaining a machinable component prior to the polymer-to-ceramic conversion
is a remarkable advantage, since it permits a more precise shape control without all the prob-
lems related to ceramic brittleness and tool wear?®. In Fig. 1.10 some shaping technologies
for PDCs are reported.
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Figure 1.10: Shaping technologies for for polymer derived ceramics manufacturing”.

All the common and well-known forming technologies used for plastics could, in principle,

be applied to preceramic polymers. Besides the quite standard compaction method by uniax-

ial, isostatic and warm pressingzg‘31

32-34

, other possibilities for the shaping of preceramic poly-

mers could include extrusion 35,36

, injection molding or coating of substrates by spraying,
dip coating, spin coating or chemical vapor deposition (CVD)*=°. Coupling the preceramic
polymer route with special forming technologies make the realization of some special com-
ponents — generally not easy if not impossible to achieve with powders processing — possible.

40,41

Some representative examples include fiber drawing*’*", infiltration of pre-formed scaffolds

for the realization of ceramic matrix composites (CMCs)**™*, ceramic joining/bonding >/,
micro-components production through selective curing of substrates by lithographic tech-
niques**%, and easy realization of highly-porous components by direct foaming or other
techniques such as sacrificial templates®”.

Ultra-high performance SiC-based ceramic fibers for polymer, metal or ceramic matrix com-
posites have been produced in the last decades by Nippon Carbon Co. (NICALON™) and by
UBE Industries (Tyranno®) through the controlled pyrolysis of polycabosilane, synthesized
in the late '70s by Yajima and coworkers”. Non-oxide Si-C-N fibers have been successfully
produced at ITCF (Denkendorf) form a polycarbosilazane precursor .

Polyacrylonitrile (PAN), although not silicon-based, is another significant example of the
application of the PDCs route for the industrial realization of ceramic components. Since first
investigation during World War II by Union Carbide Corporation, it has been used extensively
for the realization of high-strength carbon fibers for polymer and ceramic matrix composites.
Nowadays, the PAN process is the most important production process for carbon fibers '°.

As a final consideration, it should be pointed out that, although in the last years consid-

erable developments have been made for the obtainment of high-yield preceramic polymers,
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only low-dimension products like fibers and coatings, or other special applications, have
been successfully applied. The main problem resides in the evolution of the polymeric phase
during the pyrolysis step, with the subsequent release of gases, porosity and shrinkage de-
velopment, that strongly hinders the possibility of obtaining components with dimensions
higher than some hundreds of microns. This aspect will be more extensively discussed in
Section 1.3.3 and Section 2.

1.3.2 Cross-linking

After the shaping process, the cross-linking of the preceramic polymer is of fundamental
importance for the obtainment of a material that must result unmeltable during the pyrolysis
step at higher temperature, when the polymer converts into the final ceramic material.

Thermal curing in the 150-250°Crange represents probably the most common methodology
to reach the setting of the polymeric phase, which could be easily achieved if suitable func-
tionalities are present inside the polymer structure, such as -OH, -H or —vinyl groups, that
could give condensation or addition reactions. Thermal curing temperatures could be low-
ered in the presence of an appropriate catalyst or radical initiator, with the further advantage
of an increase of the ceramic yield due to a lowering of oligomers evaporation®'2.

Depending on the curing mechanism, a release of gaseous by-products could take place
during the cross-linking step, e.g. water or ethanol. This release of gases could generate
bubbles that could remain trapped inside the polymeric medium; this phenomenon could
either be exploited for the realization of porous components by self-foaming processing, or
be detrimental if a dense pore-free ceramic is desired.

Other cross-linking strategies could involve the use of UV-radiation (if proper photo-
sensitive groups are present), y-rays, electron-beams, and the use of reactive substances,

946368 As will be more extensively discussed in Section 1.3.3, polymer

gases or plasma
cross-linking is also of fundamental importance for the obtainment of high ceramic yields
upon pyrolysis: effective cross-linking reactions lead to highly branched/higher molecular
weight polymeric molecules, and thus to a lower content of oligomers and low molecular
weight chains that could volatilize at higher temperatures, thus increasing the final ceramic

yield.

1.3.3 Polymer-to-ceramic conversion

The polymer-to-ceramic conversion represents probably the most important phase of the
whole processing of preceramic polymers, and is the result of a thermal decomposition pro-
cess above ~400°C at which a totally inorganic, non-volatile residue is created.

All organic polymeric compounds used in common powder-processing route (e.g. powder
sintering, tape casting), such as binders (e.g. PEG, PVB), dispersants and plasticizers, must
undergo a complete removal before the final sintering step, generally carried out by thermal
decomposition above ~400°C in oxidizing or non-oxidizing atmosphere®. Unlike common
carbon-based compounds, the silicon-based chemistry of preceramic polymers allows instead
for the obtainment of a solid ceramic residue after thermal decomposition, which nature and
properties will be more extensively discussed in Section 1.4.

The pyrolysis mechanism involved in the polymer-to-ceramic conversion is generally quite
complex. This reaction sequence involves structural rearrangements and radical reactions
that result in the cleavage of chemical bonds (e.g. Si-H, Si-C and C-H), the release of
organic functional groups (e.g. CHy, C¢Hg, CH3sNH,) and the formation of an inorganic
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network *!11221 " This process could be schematized as a sequence of different distinct rear-
rangement reactions, each being characterized by its specific temperature range. In the case
of polysiloxane resins for example, it has been verified that in the 600-800°C range methane
is the main volatile species released, while at higher temperature (600-1100°C) the release of
hydrogen is observed”’.

At temperatures above 400°C, an open-pore channel network is formed that, upon further
heating to 800-100°C, can diminish (transient porosity)'!/12.

The ceramic yield of a polymer is a fundamental parameter to be considered when working
with PDCs. It is defined as the ratio between the mass of the starting polymer and the mass
of the ceramic residue upon pyrolysis. The organic-inorganic conversion is terminated at
800-1000°C, and is associated with a weight loss of typically 10-30%. In the last decades, the
possibility of increasing the ceramic yield through continuous developments of preceramic
polymers chemistry and processing has been of fundamental importance for the obtainment
of valuable precursor with potential practical applications '°.

The total weight loss is the sum of different contributions, each having its characteristic
temperature range. The nature of the polymeric precursor and its chemistry are fundamen-
tal in determining the final ceramic yield: low molecular weight polymers, as well as the
presence of oligomers, could dramatically decrease the ceramic yield upon pyrolysis, due to
volatilization and de-polymerization reactions. A proper cross-linking step thus acquires a
fundamental importance, not only for the obtainment of an infusible compact, but also to
increase the final ceramic yield. Organic side chain groups are as well fundamental in deter-
mining both the cross-linking and thermolysis chemistry '°. Finally, higher branching levels
have generally a positive influence on the final ceramic yield. Thermal decomposition during
pyrolysis is another fundamental factor, since it represents the step when most of the weight
loss is observed, deriving from the cleavage of chemical bonds and release of gaseous byprod-
ucts. Finally, dehydrogenation and carbothermal reduction reactions at higher temperatures
could give an additional contribution to the global weight loss, although these phenomena
are generally less significant”’. Typical ceramic yields are in the 70-90 wt% range, although
higher (even up to ~105 wt%, when reactive atmospheres are used’!) have been reported.
A simplified representation of the weight loss (TG curve) and structural rearrangements of
a preceramic polymer (polycarbosilane) during heat treatment in inert (Ar) atmosphere is
reported in Fig. 1.11, as schematized by Greil 12,

The thermal decomposition/rearrangement, that is distinctive of the polymer-to-ceramic
conversion, represents also the most important drawback of PDCs. Gases release is inevitably
accompanied by the formation of cracks and porosity inside the material, and by a more or
less pronounced shrinkage. During the pyrolysis step, an increase in density by a factor
of 2-3 is generally observed, passing from the polymeric phase (density ~1 g/cm?) to the
final ceramic (density of 2.2-2.6 for SiO,, 3-3.2 for SiC and SizNy)'?. If the material struc-
tural changes could not be relaxed by viscous flow or diffusion processes, the combination
of internal tensions, pores and cracks could lately destroy the component integrity, especially
when external constraints are present (e.g. coatings). For this reason, an easy and simple
conversion of a polymeric compact into a dense, crack-free ceramic compact is in most cases

2

impossible to achieve'?, even with polymers characterized by high ceramic yields. Few ex-

ceptions are represented by components characterized by dimensions below few hundreds
micrometers, like fibers, thin films and foams®.
A lot of effort has been put in the last 25 years to find viable solution for the scaling up

of ceramic components dimensions, to widen the applicability of PDCs especially in the field
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Figure 1.11: Typical structural transformations during thermal decomposition of preceramic polymers
(polycarbosilanes) '°.

of structural ceramics 1?7273, The introduction of different types of fillers has been so far
the most widely explored possibility, and it will be more extensively discussed in Chapter
2, although other possibilities have been proposed, such as the infiltration of scaffolds by a
liquid polymer’* or the compaction of partially pre-cured powders”>7°.

After the completion of the polymer-to-ceramic conversion, ceramics obtained show an
amorphous structure. The amorphous network is constituted by a mixture of covalent bonds,
the most important being Si-C, S5i-O, Si-N and C-C; other bonds with other atoms like B, Ti,
Al or Zr could also be present, depending on the type of precursor used and possible modi-
fications of the polymer made prior to the pyrolysis step. This typical amorphous structure
is a distinctive characteristic of polymer-derived-ceramics, which so far has been impossible
to be obtained through traditional processing routes (e.g. reactive sintering). This character-
istic structure is fundamental in determining the distinguishing properties of PDCs, such as
thermal stability, oxidation, creep and chemical resistance”!'!!°.

At higher temperatures — both during processing or during service — this amorphous struc-
ture eventually undergoes further structural rearrangements, that generate both a progres-
sive phase separation and the eventual crystallization of different phases, depending, again,
on the nature of the starting precursors, such as SiC, SizNy, SiO, and carbon (turbostratic
or graphitic). If sufficiently high temperatures/times are used, an equilibrium between the
above mentioned crystalline phases could be achieved. This devitrification process starts with
a progressive redistribution of chemical bonds to give phase separation and crystallization
phenomena and, in many cases, the release of gaseous products such as CO, SiO;, N, and
others”. This phase separation phenomenon is generally undesired, since most of the bene-
ficial properties of PDCs are connected with the retention of their amorphous structure, and
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the nucleation of crystalline phases is often associated with a degradation of their properties.

The type of covalent bonds present inside the ceramic amorphous network — which is
directly related with the type of precursor used - is fundamental in determining the char-
acteristic maximum service temperature of the final ceramic before the occurrence of the
devitrification process, which could is generally located in the 1000-1800°C range.

SiOC glasses, which are surely the most common type of PDCs, are generally considered
to be stable up to ~1200°C). Up to that temperature, creep, oxidation and chemical resistance
are maintained. Above 1200°C, properties begin to deteriorate, due to the phase separa-
tion/crystallization process that takes place around 1300°C77”%.

SiCN amorphous networks instead are able to maintain their properties up to ~1400°C.
With regards to oxynitride glasses, the presence of nitrogen atoms have beneficial effects

on the viscosity, micro-hardness, elastic modulus and fracture toughness”’

in comparison to
pure oxide glasses. This trend could be also observed in the SiOC—SiCN passage.
Moreover, further enhancements of properties could be achieved by the additional presence
of boron atoms in SiBCN glasses, which could also increase the crystallization temperature
up to about 1600°C. For this reason, SiCN and SiBCN glasses show outstanding properties
even at very high temperatures (as high as 1800-2000°C, with respect to some properties '),
which make them competitive with more traditional nitrides and carbides that are generally

characterized by a more complex processing and higher sintering temperatures.

1.4 Properties of the final ceramics

1.4.1 Chemical composition

The chemical composition of the ceramic after pyrolysis is strictly related to the chemistry
of the starting polymeric precursors, as well as to other factors related to treatment condi-
tions (temperature, atmosphere nature and pressure) and the possible insertion of additional
additives or modifiers (e.g. fillers, metal alkoxides).

The chemistry of the starting precursors plays probably the most important role in de-
termining the final ceramic composition. Depending on the silicon-based backbone nature
and on the side chain groups present, different ceramic systems could be achieved. Poly-
siloxanes, -silazanes and -carbosilanes, characterized by a Si-O, Si-N and Si-C backbone,
respectively, give the formation of amorphous Si,O,C;, SiyCyN; and SiyCy ceramics after
pyrolysis in inert atmosphere” (see Fig. 1.12).

The proportions between the elements in the final amorphous structure depend both on
the nature of the polymer backbone (which could, in principle, include any combination of
5i-O, Si-C, Si-N and Si-B bonds) and on the nature of the side chain groups. Carbon content,
for example, could vary (and thus be easily tailored) by changes of the organic substituents
bonded to silicon (e.g. an increase in the phenyl group concentration leads to an increase in
the final carbon content).

The pyrolysis atmosphere is as well important in determining the nature of the final ce-
ramics. In general, a pyrolysis process in oxidizing atmosphere leads to the formation of an
amorphous silica matrix, regardless of the chemistry of the starting precursors, due to the
removal of all the carbon-containing moieties by oxidation reactions, as well as cleavage of
Si—C and Si-N bonds of the main chain (less stable than Si-O bond) with a further oxygen
intake. Considering the higher synthesis costs of silazanes and carbosilanes if compared to

polysiloxanes, pyrolysis of preceramic polymers other than siloxanes in oxidizing atmosphere

31



R
Silicon-Based Polymers: -[—sli— x{—
: n

R?
|
{ 1
b i i i
+5i—c-l— +§i—0+ -l—Si—N+ +Si—N=C=N+
e ! o i
Rr2 R4 n =T n =¥ R:i n RQ n

Poly(organocarbosilanes) Poly(organosiloxanes) Poly(organosilazanes) Poly(organosilylcarbodiimides)

AT AT M\ /ﬂ

SiC $i,C,0, Si,C\N,

Figure 1.12: Simplified scheme of the influence of the precursor chemistry on the composition of the

final ceramic?.

are not generally done.

Conversely, non-oxidizing atmospheres are generally preferred because they can produce
the most interesting final characteristics. In fact, the retention of an amorphous structure
comprising of a mixture of Si-O, Si-N and Si-C covalent bonds represents the key point for
properties like high thermal stability (even up to 1800-2000°C), creep, corrosion and oxidation
resistance.

A totally inert atmosphere (e.g. Ar) does not react with the material at any point of the
process, and so it has no influence on the final composition of the material. On the contrary,
N, atmosphere could interact with the evolving materials, increasing the nitrogen content of
the final pyrolysis product by nitridation reactions. In this case, N, pressure could play an
important role, since it has been verified that an increase in Ny pressure could increase the
kinetic of nitridation reactions of both the polymer and, as will be more extensively discussed
in Chapter 2, of active fillers introduced to compensate the material shrinkage.

Gaseous NHj (pure, or mixed with Ar or Ny) is also well known to actively react with
the preceramic polymers during the polymer-to-ceramic conversion. Ammonolysis reactions
are well known to take place in carbon-containing polysilazanes during polymer pyrolysis,
with a consequent reduction of final carbon content by substitution of carbon-containing side
groups with amine functionality -NH,%’. As an example, for a methyl group the global
reaction would be

—HN — (CH3),Si — +NH; — —HN — (CH3)Si(NH,) — +CH, (1.1)

Burns and Chandra®' demonstrated that the pyrolysis of cross-linked polycarbosilanes, poly-
silanes and polysilazanes in NH3 atmosphere yields amorphous Si3sN4 powders with a low
carbon content, that can crystallize at higher temperatures to give the formation of x-SizNjy.
Other examples regard the nitridation in NHs atmosphere of polycarbosilane for the obtain-
ment of silicon nitride and silicon oxynitride fibers®?. In addition, it has been shown that
an NHj atmosphere could virtually eliminate the free silicon content in the ceramic deriving
from the pyrolysis of perhydropolysilazane (PHPS), and nearly stoichiometric SizN4 could be
produced?'.

32



Finally, if pyrolysis is carried out under vacuum, as for example when using hot-press or
Spark Plasma Sintering (SPS) equipments, carbothermal reduction reactions are well known
to take place, which could lower the final oxygen content. One typical example is silica

volatilization, schematized by the reaction
SiO, +C — SiO(T) + CO(1) (1.2)

In this case, besides a decrease of the oxygen content, a silica loss is observed as well.

The addition of metal alkoxides together with the preceramic polymers is another effective
strategy for the modification of the ceramic composition, by the addition of supplemental
metal atoms inside the final amorphous structure. Two significant examples of this possibility
have been reported by Ionescu et al.®* for the realization of SiOC/ZrO, nanocomposites, and
by Sorarit et al.® for the realization of B’-sialon ceramics from a modified polycarbosilane.
While in the former authors claim an effective condensation reaction between the Si-OH
groups of the silicon resin and zirconium acetylacetonate, thus obtaining a molecular-level
dispersion, in the latter instead authors believe that no condensation reactions occur between
the Al(O-secBu)s (the modifying alkoxide used in the work) and the polycarbosilane chains,
and aluminum hydroxide-based particles are physically trapped inside the polycarbosilane
chains, thus obtaining a lower homogeneous system.

Finally, the introduction of secondary fillers of different nature (ceramic, metallic) and
shape (particles, fibers, whiskers, platelets) could dramatically change the global composition
of the final ceramic, which could consist of a relatively simple PDC/filler(s) composite (in the
case of inert or active fillers) or of a totally new combination of amorphous and/or crystalline
phases, that could not generally be achieved by using pure preceramic polymers (in the case
of reactive fillers). Since this topic represents the main subject of the present research work,
it would be analyzed and discussed more extensively in Chapter 2 and in Part II.

1.4.2 Microstructure

The microstructure of PDCs is strongly influenced by their chemical characteristics and by
processing conditions. Chemistry of preceramic polymers is fundamental in determining
the type of bonds present in the final ceramics, and the final pyrolysis temperature plays a
parallel fundamental role in determining the degree of evolution of the pyrolyzed material.
As a general, oversimplified consideration, 3 distinct microstructures could be found in PDCs.

At low temperatures (600-800°C), immediately after the end of the decomposition of the
polymeric phase, the microstructure is totally homogeneous and amorphous: a totally ran-
dom mixture of different covalent bonds (e.g. Si-O, Si—C, Si-N, etc.) could be found (see Fig.
1.13), and they are directly related to the molecular structure of the cross-linked polymer,
obviously deprived of all the organic moieties that were removed during the decomposition
phase (except for most of the hydrogen)®!%. In this phase, excessive carbon (the carbon that
is not linked to silicon atoms) is present as carbon clusters (basic structural units, BSU). As
a results of all the decomposition reactions and the subsequent release of gaseous products,
in this first phase the amorphous ceramic residue is characterized by an open-pore channel
network.

By increasing the temperature, the devitrification process begins: as a direct consequence,
the previously fully amorphous structure is progressively lost, and the gradual redistribu-

tion of chemical bonds generates a progressive phase separation process, with the generation
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Figure 1.13: Simplified structure of the amorphous network of a polysilazane-derived ceramic, with
mixed Si~C and Si-N covalent bonds”.

of first crystalline nanodomains (1-3 nm). In Fig. 1.14 an oversimplified model of this mi-
crostructure is reported. The porosity previously present can diminish, thanks to viscous
flow mechanisms that start to be significant. For this reason, porosity is often defined as
“transient”. In this phase, although a certain degree of phase separation is achieved, a clear
nucleation of crystalline phases has still to be observed. Carbon clusters redistribute as well,
to generate a turbostratic ("quasi-graphitic”) carbon network, which could further evolve to

generate graphitic carbon regions.

Carbon network

Y
L,=115nm |

—SIC nanodomains
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Figure 1.14: Microstructural model for a polysilylcarbodiimide-derived ceramic®.

Finally, at high temperatures, the extensive phase separation leads to the formation of
crystals of SiC, Si3Ny, SiOp, B4C, BN, etc., which can further increase their size by a further
increase of temperature or of dwell time.

As previously mentioned, the evolution of the amorphous microstructure — characteristic
of PDCs pyrolyzed at low temperatures — towards the phase separation and the nucleation of
crystalline phases is directly connected with the stability of the amorphous covalent network.
Precisely, the type of atoms present plays a fundamental role in determining the temperature
range at which first devitrification phenomena are observed.

1.4.3 Mechanical properties

Mechanical properties of PDCs are rather difficult to be measured, mainly because of the
impossibility of producing sufficiently large bulk components. Some mechanical properties
of bulk components have been obtained from samples produced by the pyrolysis of warm-
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pressed, partially cross-linked polymer powders”>7

, or from the casting of a sol-gel solution
or a siloxane (for SIOC)®% or a liquid polysilazane (for SiICN), with the realization of small
rods®%%7. Elastic modulus for SiOC is in the 53-113 GPa, while for SiCN is in the 80-155
GPa. They are well below the values for the crystalline counterparts, because of the much
more open structure of PDCs network. Densities are in the 1.85-2.35 g/cm? range for both
SiOC and SiCN systems. Both the elastic modulus and the density generally increase with he
increasing treatment temperature °>%55,

Poisson’s ratio is generally low, specifically in the 0.21-0.24 range, although even lower
values have been reported (e.g. 0.11 for SIOC®”).

Hardness ranges from 5 to 9 GPa®%%%; toughness is in the 0.56-3 MPa-m®5 range 8/8390-%3,

Creep resistance is surely one of the most attractive mechanical properties of PDCs. Creep
is very limited up to 1300°C (5iOC) and 1500°C (SiCN), and it has been proposed that relax-
ation should be associated with viscous flow involving SiO;-rich domains.

Other extensive studies regarded the obtainment of high-performance ceramic fibers (above
all, SiC-based fibers). It has been demonstrated, again, that mechanical properties at high
temperature are strongly influenced by the presence of oxygen. A reduction of the residual
oxygen content was fundamental to increase properties such as creep resistance and high-
temperature stability. SiC fibers with a a tensile strength and an elastic modulus as high as

6.2 and 440 GPa, respectively, could be produced.

1.4.4 Chemical properties

As verified also for other properties, chemical stability of PDCs is directly related to their
microstructure, and the progressive phase separation that is generally observed at high tem-
peratures is, again, fundamental in determining also their chemical behavior.

As a significant demonstrative example concerning their chemical durability characteristics,
it has been verified by Sorart et al.”® that amorphous silicon oxycarbide (SiOC) obtained
both from preceramic polymers (methyl- and methylphenyl-polysiloxanes) and by the sol-gel
method show a higher chemical resistance to both strongly basic solutions and HF than pure
silica glass, thanks to the presence of Si-C covalent bonds. Moreover, it was demonstrated
that siloxane-derived networks show better properties than the sol-gel-derived one. Finally,
for temperatures higher than ~1200°C (when phase separation into SiO,, SiC and carbon
regions inside the amorphous network begins to occur), chemical resistance starts to decrease,
since SiO; can be more effectively extracted.

Oxidation resistance is another fundamental parameter that has been extensively studied,
especially considering that one of the main applications of PDCs is as structural /functional
components in high temperature oxidizing environments.

In analogy with the crystalline counterparts (SiC and Si3Ny), polymer derived ceramics

generally show a parabolic oxidation regime**~%

, although generally lower oxidation rates
are observed for PDCs, which are generally attributed to the characteristic mixed covalent
bonds network of PDCs 1", Oxidation kinetic seems to increase with an increasing amount
of "free” residual carbon’. Finally, the addition of Al atoms in a SICN composition was found
to be effective in reducing the oxidation rate of the final ceramic, with a stationary parabolic

rate observed for t>20 h at 1400°C 10,
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1.4.5 Electromagnetic properties

Electrical conductivity o can vary up to 15 orders of magnitude (from 1071°-1078 to 1
Q- cm)fl), depending on the polymeric precursor, composition, pyrolysis temperature, and
atmosphere. For low pyrolysis temperature (<600°C), PDCs can be better described as in-
sulators (0 < 10719 (Q -cm) ™). For amorphous PDCs obtained at pyrolysis temperatures
>800°C, the conductivity increases with the temperature at which it is measured showing the
typical semi-conducting behavior. Metallic-like (electron) conduction with ¢ as high as 0.1-
1(Q- cm)_1 is found in polysilsesquioxanes-derived SiOC pyrolyzed at high temperatures
(T>1400°C) when a percolation network of Cyy, is formed. For high-carbon SiOC, such as
those obtained from a phenyl-containing polysiloxane, the development of a continuous C
network occurs at a lower temperature (1100°C).

The conductivity of PDCs can also be changed by adding filler particles to the preceramic

192" carbon nanotubes'”™ or graphene layers, by the formation of an

matrix, such as MoSi,
interconnected filler phase.

A rather new finding is the ultrahigh piezoresistivity, i.e. the change of the electrical resis-
tivity due to an applied stress, shown by amorphous PDCs .

The tunable electrical properties, high piezoresistivity, together with the micro fabrica-
tion capability and excellent high-temperature thermal and mechanical properties, make the
polymer-derived SiCN and SiOC excellent candidate materials for high-temperature sensors

and ceramic MEMS for high temperature/corrosive-environment applications '*°

plugs 26106 107108109

Specific magnetic properties could be imparted to PDCs by the simple introduction of

, micro glow

and electrode materials for Li-ion batteries

filler with magnetic properties (e.g. o-iron, Fe3Oy, Fe3Si) !V 111 112 or by the incorporation of
metallic iron atoms in the polymer backbone by a chemical modification with organometallic

compounds such as ferrocene '3 114,

1.4.6 Optical properties

Very few optical characterizations on PDCs have been carried out during the years, mainly
because of their black nature, due to the presence of relatively high amounts of sp? hybridized
carbon atoms, which form absorbing graphene layers.

However, transparent SiOC glasses were produced by Sorart et al.''>!'©!117 by a care-
ful control of the chemical composition of the starting precursors. The most transparent
glasses exibith an optical absorption edge arounf 500-550 nm, and a broad luminescence
band around 500 nm, attributable to residual sp? carbon clusters. The amount of these clus-
ters is sufficiently high to give an appreciable luminensce, and at the same time sufficiently
low not to preclude transparency. In the light of these results, SiOC transparent glasses coped
with extra elements such as Eu or Er have been proposed !'®!1?. Other examples regards the
in-situ formation of Si nanocrystals, which produce a typical lumiencscen in the 600-800 nm

range '?’, or C and Au ion irradiation of preceramic polymers 2! 122,

36



Chapter 2

Preceramic polymers containing
fillers

2.1 Introduction

In Section 1.3.3, the polymer-to-ceramic conversion of preceramic polymers has been dis-
cussed. This is probably the most important phase of the whole processing of preceramic
polymers: by a pyrolysis process in a selected atmosphere (which could be inert or reactive,
oxidizing or non-oxidizing) above ~400°C, the polymeric component is transformed into a
ceramic body by a series of different reactions that progressively eliminate all the organic
groups present in the starting precursor and produce a rearrangement of the bonds present
to finally generate a fully ceramic component.

It has been mentioned that the polymer-to-ceramic conversion (and, although in a more
limited extent, the cross-linking step) is inevitably accompanied by the release of gaseous
by-products, which causes a more or less important weight loss (generally not lower than
15%) and a overall shrinkage of the component (10-30% linear shrinkage).

The main problem arises from the fact that, during the pyrolysis process, all the tensions
related to the shrinkage of the material and the release of gaseous products could not be
relaxed by viscous flow or other mechanisms (although it should be mentioned that some
porosity could be eliminated higher temperatures, often referred as ”transient” porosity).
Cracks (micro and macro) and pores are thus generated in the whole material, that inevitably
lead to the destruction of the whole component. This fact represents the fundamental reason
why preceramic polymers are not suitable for the realization of relatively large components.
The only exceptions are represented by relatively small (few hundreds of microns or less)
components, like fibers, coatings or micro-components.

As a direct consequence, a lot of effort has been put during the last years to eliminate (or,
at least, to limit) the material shrinkage and the generation of cracks. The most important
strategy is surely represented by the introduction of fillers, which is the subject of the present
Ph.D. research.

The introduction of secondary fillers has demonstrated to be an extremely effective method-
ology to limit the global material shrinkage, maintaining at the same time all of the advan-
tages connected to the presence of a polymeric phase, above all, the easy shaping possibilities
that polymers could offer. Fillers could be of various nature (ceramic, metallic, polymeric),
shape (equiaxed particles, elongate grains, whiskers, platelets, nanotubes, fibers) and dimen-
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sions (from nanoparticles to fibers of several centimeters). A further fundamental distinction
must also be made between “passive” and “active” fillers, which will be more extensively
discussed in Section 2.2 and Section 2.3.

The quantity of fillers introduced is also of fundamental importance, both for passive fillers
(since it is directly related with the reduction of global shrinkage) and especially in the case
of active fillers.

Of course, the introduction of fillers modifies the properties of the final material, which
becomes, in practice, a composite material constitute by a phase deriving from the pyrolysis
of a preceramic polymer and one (or more) secondary phase(s) related to the introduction of
fillers.

Besides the introduction of fillers, a reduction of shrinkage and cracking have also been
achieved by other strategies, such as the direct pyrolysis of specifically-made scaffolds in-
filtrated by a liquid preceramic polymer’*, or the warm-pressing of partially cross-linked

polymer powders”>7°.

2.2 Passive fillers

Passive fillers represent the most simple solution to effectively reduce shrinkage and for-
mation of cracks in a component obtained by the heat treatment of a preceramic polymer.
As the name suggest, passive fillers remain totally inert during the whole processing of the
preceramic polymer. They do not undergo any transformation or evolution during the heat
treatment and do not react with the ceramic residue of the preceramic polymer, nor with
the gaseous by-products released during pyrolysis or the treatment atmosphere. Their only
function is to diminish the percentage of the whole volume that evolves during the pyrolysis
step, thus reducing the total weight loss, shrinkage and generation of cracks, as well as to
favor the escape of gaseous species by the creation of an easier means of escape. A schematic
representation of passive fillers action is reported in Fig. 2.1.

Polymer

Figure 2.1: Reduction of shrinkage of a PDCs bulk component by the addition of passive fillers.

Typical examples of passive fillers for preceramic polymers are SiC and Si3Nj micro- or
nano-powders, but Al,O3, B4C or BN powders has been used as well .
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In some cases, when the amount of fillers is predominant over the amount of polymer,
the preceramic polymer acts as a low-loss binder that could increase the density of the final
part, if compared to analogous parts produced using conventional organic binders, that are
completely eliminated after green shaping. The advantageous effects of using preceramic
polymers as binders are greatest for powders with the lowest packing densities (ultrafine
powders), while a less pronounced effect could be obtained for coarser powders'!

Preceramic polymers could also be used as sintering aid for pressureless or pressure-aided
(e.g. hot-pressing, hot isostatic pressing, spark plasma sintering) sintering of ceramic compo-
nents. The intergranular phase provided by preceramic polymers, besides acting as a sinter-
ing aid during sintering and densification, could also offer enhanced creep resistance at high
temperature, due to its higher viscosity (if compared to the intergranular glassy phase that
is usually generated when more traditional sintering aids are used, e.g. Y»0O3). In addition,
they can provide an improved corrosion resistance and higher mechanical properties. These
features are always connected with the characteristic amorphous network of PDCs, which is
constituted by a mixture of Si-O, Si-C, Si-N and other covalent bonds (depending on the
nature of the starting precursor).

Fillers in general can increase the mechanical properties of the final ceramics. As an ex-
ample, toughness could be effectively enhanced even at very low (<10 vol%) filler concentra-
tions, thanks to crack-tip bridging phenomena. Generally, the mechanical properties increase
with increasing fillers volume fraction up to about 40-50 vol%, followed by a pronounced

decrease at higher filler fractions due to enhanced porosity formation (see Fig. 2.2(left) .

Particle Dispersion Percolation Network
| T

\ / | _Filler
\/
\ /

Strength
Conductivity
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Toughening Porosiy

Matrix

Volume Fraction Volume Fraction

Figure 2.2: Effect of filler loading on the mechanical properties (strength) and field properties (electrical

conductivity) of polymer derived ceramics 1.

The CTE (coefficient of thermal expansion) of the filler phase is also of fundamental im-
portance, since it determines the global CTE of the final composite. A tailorable CTE could
be useful in applications such as coatings (e.g. on metals), but it should be noted that a high
CTE mismatch between the ceramic residue and the filler(s) could cause the formation of
micro-cracks that could have detrimental effects on the final mechanical properties.

Finally, some economic considerations should be done, since the introduction of passive
fillers could also represent a way of lowering the cost of the final component.

Some particular fillers, such as MoSi, ', although still classifiable as “passive”, could im-
part new specific functional properties to the final ceramic, such as electrical conductivity
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or magnetic properties. In these cases the percentage of filler introduced is fundamental:
as an example, electrical conductivity does not depend linearly on the percentage of electri-
cally conductive filler introduced, but is subjected to an abrupt increase only when a critical
concentration of filler is exceeded. This critical value is often referred as the “percolation
threshold”, and coincides with the transition from dispersed/isolated particles to an inter-
connected particles network. Similar results could also be obtained by introducing carbon
nanotubes, graphene sheets or carbon nanofibers, to impart electrical conductivity and/or to

enhance mechanical properties !*°.

2.3 Active fillers

The concept of “active” or “reactive” fillers was introduced in the early 90s, as a result of
the work of Prof. Peter Greil and co-workers. It was demonstrated that the use of particular
classes of fillers (specifically, but not limited to, metallics and intermetallics) permits the ob-
tainment of a near-net-shape conversion of preceramic polymers into bulk components with
extremely limited (or even absent) global shrinkage. Active fillers can increase their volume
during pyrolysis by reacting with gaseous species released form the polymer decomposition,
or by reacting with the atmosphere of the furnace, thus effectively compensate the polymer
shrinkage. A simplified representation of active fillers action is reported in Fig. 2.3 and Fig.
2.4. Fillers progressively evolve during the pyrolysis process, and this reaction, to reduce the
global shrinkage, should entail an increase of the filler volume.

Figure 2.3: Simplified model of filler particle reaction, where Ry is the starting particle radius and R. is
t2.

unreacted core radius at time

In the case of active fillers, the choice of polymer/fillers combinations could not be done
arbitrarily, but must be based on thermodynamic stability criteria, filler expansion charac-
teristics and reaction kinetic limitation (e.g. temperature dependent formation and elimi-
nation of transient open porosity, which govern material transport and the reaction process
of filler particles)'?. Linear dimensional changes of less than 0.1% could be obtained with

time-temperature controlled pyrolysis of the material, which allow a high precision manu-
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Figure 2.4: Linear dimensional change of polysiloxane/40 vol% boron mixture pyrolyzed at 1480°C in
Ny atmosphere as a function of filler reaction time 72,

facturing of complex shape components'!. The resulting material is thus generated by the
combination of the preceramic polymer, the active filler introduced, the gaseous by-products
deriving from the decomposition of the preceramic polymer, and the treatment atmosphere.

When a precursor is filled with a filler, the following relation represents the total maximum
volume change after pyrolysis:

v = (1 - VT) (B —1) + Vr («™p™ —1) @1)
Vi

o represents the ceramic yield of the precursor; $ (<1) is a density ratio of the precursor,
defined as the ratio between the density of the starting polymer and the density of the final
ceramic products; V7 is the filler volume fraction; V7 is a critical filler volume fraction in the
starting mixture that determines the maximum particle packing density of the reacted filler
phase in the pyrolyzed product; o' and BT describe the mass change of the filler phase
and the density ratio in analogy to « and B. It could be observed that for «”MB™ > 1, a
volume expansion of the filler phase could compensate for the polymer shrinkage. Fig. 2.5
shows the normalized linear shrinkage, €*/€, plotted versus the normalized filler volume
fraction, V1 /V}. With increasing filler expansion characteristics (a™pRTM > 1), the total
linear shrinkage decreases for a given filler volume fraction in the starting mixture. In Tab.
2.1, «™BTM values for some potential active fillers are reported.

As an example, if CrSi; is used as an active filler, at sufficiently high temperatures (around
750°C) it can react with carbon from the ceramic residue of the preceramic polymer (to give
the formation of Cr3C;) and with the nitrogen of the atmosphere (to give the formation of
5i3Ny). The global reaction is schematized by the following reaction:

3CrSiy(s) +2C(s, g) + 4Nz (g) — Cr3Ca(s) + 2SizNy(s) (2.2)
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Figure 2.5: Normalized linear shrinkage of polymer-filler systems as a function of normalized filler
volume fraction in the starting mixture (V*=0.5 and {=-0.6

In this case, while the formation of carbides is observed also in argon atmosphere, the for-
mation of SizNy is strictly connected with the nitrogen pressure in the furnace atmosphere.
Moreover, the microstructure of the open-pores network (deriving from the pyrolysis of the
preceramic polymer) is fundamental as well in determining the reaction of the fillers. For
this reason, is generally better to consider the “effective” nitrogen pressure in the open pore
channel network, which depends on the nitrogen pressure and the porosity microstructure.

Time is fundamental as well in determining the effectiveness of the active fillers. In fact,
the total time required for a complete conversion of a filler particle must consider the diffu-
sion of gaseous reactants through the open porosity surrounding the particle to the surface of
the solid, the time of penetration and diffusion of the reactants through the reaction product
layer on the particle surface, and finally the time of reaction with the unreacted core at the
interface. Based on these considerations and on other thermodynamics parameters, numeric
models have been obtained ', from which some general trends could be derived. For ex-
ample, with decreasing particle size, filler reaction time is reduced so that, within a given
reaction time, a higher fraction of smaller filler particles is transformed compared to larger
particles, and, hence, reduction of overall shrinkage is higher, as described in Fig. 2.6a. A
similar tendency should result if the concentration of gaseous reactants increases, as is the
case at higher "effective” nitrogen pressures in the pore channel network. With increasing
nitrogen pressure, diffusional transport in the porous compact is faster because of a reduction
in mean free path length of the gaseous molecules, thus increasing th chemical driving force
for filler reaction, and reducing the total shrinkage, as represented in Fig. 2.6b.

Finally, it should also be kept in mind that since the active fillers react with gaseous by-

products deriving from the decomposition of the polymeric phase, the final ceramic yield of
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Table 2.1: Specific volume changes upon reaction pyrolysis of potential active filler systems '

oTMBTM
Filler = Carburization (solid) Carburization (gaseous) Nitridation (gaseous)
Ti 0.76 (TiC) 1.14 (TiC) 1.08 (TiN)
\Y 0.79 (VQO) 1.28 (VO) 1.27 (VN)
Cr 0.83 (CI‘3C2) 1.25 (CI‘3C2) 15 (CI‘N)
Zr 0.79 (ZrC) 1.09 (ZrC) 1.03 (ZrN)
Nb 0.85 (NbC) 1.27 (NbC) 1.35 (NbN)
Ta 0.86 (TaC) 1.27 (TaC) 1.25 (TaN)
Mo 0.95 Mo,C) 1.22 (Mo, C)
W 0.84 (WQC) 1.32 (WC)
Al 1.09 ¢ 1.53 (A14C3) 1.26 (AIN)
B 0.93 (B4C) 1.20 (B4C) 2.42 (BN)
Si 0.70 (SiC) 1.07 (SiC) 1.13 (SizNy)
MoSi, 0.96 (Mo,C/SiC) 1.48 (Mo, C/SiC)
CrSip 0.93 (Cr3C,/SiC) 1.54 (Cr3C,/SiC) 1.23 (CrN/SizNy)
TiSi, 0.90 (TiC/SiC) 1.47 (TiC/SiC) 1.53 (TiN/Si3Ny)

the preceramic polymer is then higher than when no active fillers are present.

Although the use of active-filler-controlled pyrolysis of preceramic polymers has proven
to be extremely effective in reducing the total amount of porosity in the final ceramics, with
consequent improved mechanical properties, it must be said that this technique requires an
extremely accurate control of all the pyrolysis conditions, as well as the characteristics of
the raw materials. Although theoretical models have been derived for an a priori selection of
processing conditions and fillers characteristics, small variations in particle environment, par-
ticle distribution and particle physical properties could finally result in significant variations
in kinetic variables. For this reason, a trial and error procedure is still generally required to

optimize the final properties of the material.

2.4 Final considerations

In the previous paragraphs, the main characteristics of passive and active fillers have been
described. Both of the strategies has the main objective of reducing the shrinkage and poros-
ity development in polymer derived ceramic components upon pyrolysis, which make the
obtainment of relatively large crack-free components virtually impossible.

The introduction of passive fillers is surely the most simple strategy: the “dilution” of the
preceramic polymer with a a secondary phase which does not evolve during pyrolysis is an
effective way to reduce total shrinkage, as well as impart additional features like electrical
conductivity or other properties. Passive fillers could be added in relatively large quantities
and no special precautions are required.

On the other hand, active fillers demonstrated to be extremely effective for the obtainment
of shrinkage-free monoliths: the shrinkage of the preceramic polymer could be totally com-
pensated by the expansion of the active fillers (generally metallic or intermetallic particles) by
their reaction with the gaseous by-products produced by the polymer decomposition, as well
as from the furnace atmosphere. In this case, an extremely accurate control of the processing
conditions (pyrolysis temperature, time and atmosphere), as well as fillers characteristics and
amount are essential for the obtainment of the final desired characteristics of the ceramic
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Figure 2.6: Effect of CrSij filler particle size (a) and of nitrogen pressure (b) on total shrinkage, after
pyrolysis at 1400°C in N atmosphere '%.

component.

In the case of both passive and active fillers, the ceramic residue is not substantially in-
fluence by the presence of fillers, and the resultant material is in both cases a composite
materials, comprising of the ceramic residue from the polymer (generally amorphous) and of
the filler phase.

Besides these 2 strategies, a relatively new category of fillers has been recently proposed.
This new class of fillers are intended to fully or partially react with the ceramic residue of
the preceramic polymer, to give the formation of crystalline phase(s) that are generally not
directly achievable by the simple pyrolysis of a preceramic polymer. This new strategy can
combine the advantages of having a polymeric phase in the raw materials (above all, im-
proved and easier shaping possibilities) with the reduction of shrinkage due to the presence
of secondary fillers in the starting mixture and the creation of a highly crystalline material
at the end of the heat treatment. In principle, by changing the nature, type and the amount
of fillers introduced in the systems, a wide range of ceramic systems can be achieved. This
relatively new strategy demonstrated to have extremely promising kinetic characteristics (of-
ten comparable to sol-gel derived systems), especially when nano-sized fillers are used, due
to both the high reactivity of the amorphous ceramic residue, and to the high specific sur-
face area of the fillers. In addition, nano-grained ceramics could be easily obtained through
this methodology, which attracted a lot of interest for their potential improved mechanical

123-129

characteristics . Some first example of this new strategy include the realization of

highly pure nano-grained mullite ceramics at temperatures as low as 1250°C ', as well as

131 and wollastonite 132,

SiAlON-based ceramics’?, cordierite-based ceramics

In the light of these promising and relatively new results, the present Ph.D. research has
been dedicated to a more systematic study of the possibilities that this new strategy could of-
fer. In the following Experimental Chapter, different ceramic systems obtained by preceramic
polymers filled with nano-sized particles will be presented. The synthesis characteristics of

these materials will be described, as well as some possible potential applications.
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Chapter 3

Silicates

3.1 Mullite/Zirconia nanocomposites

3.1.1 Introduction

Mullite (3A1,03-25i0;) is an excellent candidate for high temperature structural and elec-
tric applications. Properties such as low density, high temperature mechanical properties,
high thermal shock resistance, low thermal expansion coefficient, corrosion resistance and
high thermal stability make this material very suitable for spacecraft components (e.g. ce-
ramic composite heat shields), aircraft engine parts, ceramic filters and environmental barrier
coatings (EBCs) for aircraft engines, powerplant turbines and porous burners'?. Unfortu-
nately, an extensive utilization of this material in engineering applications is often hindered
by the very low fracture toughness for mullite (2.5 MPa-m®?)3. The possibility of increasing
the toughness of mullite would in turn improve its mechanical reliability, and dramatically
extend its utilization in a wide range of engineering fields.

The toughening mechanism associated to the t—m (tetragonal-to-monoclinic) transforma-
tion of zirconia is undoubtedly one of the most effective strategies to increase the toughness
of ceramics, and surely one of the most important breakthroughs in the world of ceramics.
Before the discovery of this phenomenon in 1975%, the general interest on ZrO, ceramics
was very limited, especially as a structural or engineering ceramic. ZrO, is characterized by
3 different allotropic forms: monoclinic (stable at lower temperature), tetragonal (stable at
intermediate temperatures) and cubic (high-temperature form). In Fig. 3.2 the 3 crystalline
ZrO; allotropic forms are reported, while the characteristic temperatures of transformation

are reported in Fig. 3.1.

1170°C 2370°C 2680°C

m-ZrO, t-ZrO, c-Zr0O,

liquidus

Figure 3.1: Transformation temperatures of ZrO; allotropic forms.

The main limitation on its applicability was represented by the tetragonal-to-monoclinic
displacive phase transformation that occurs around 950°C on cooling in pure ZrO,, which is
accompanied by a shear strain of ~0.16 and a volume expansion of 4%. As a direct conse-
quence, catastrophic fracture is generally observed for pure-ZrO; ceramics, which strongly
hinders its reliability in structural components. The discovery that the t—m transformation
might be controlled to enhance mechanical properties has constituted a pivotal point in the

development of improved engineering ceramics in general and the study of toughening in
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Figure 3.2: Schematic representation of ZrO; allotropic forms: a) cubic, (b) tetragonal and (c) mono-
clinic.

ceramic systems in particular. This phenomenon has been extensively studied and success-
fully applied in many different ceramic systems. Above all, the most important examples
of the effectiveness of this phenomenon are surely represented by stabilized ZrO, and ZTA
(Zirconia-Toughened Alumina) 3,

The primary fabrication objective for any transformation-toughened ceramic (TTC) mate-
rial is production and retention of a metastable t-ZrO, phase that transforms to m-ZrO, at/or
near room temperature under the influence of any applied stress including a significant shear
component. Control of composition, generally with aliovalent cations, and thermal treatment
must then produce a t-phase microstructure with an Ms temperature ("xmartensite-start”
temperature, at which the t—m transformation occurs) such that spontaneous transforma-
tion does not occur on cooling to room temperature. In a ceramic containing a suitable
distribution of metastable t-ZrO,, the stress-activated t—m transformation in the stress field
of a potentially damaging crack imparts useful toughness to the ceramic through mecha-
nisms associated with the accommodation of the transformation shape change. The volume
change accompanying transformation creates a compressive strain field about the crack tip to
oppose crack propagation, while the strain energy associated with any net shear component
of the transformation strain in the transformation zone contributes an effective increase in
the energy of fracture.

In polycrystalline tetragonal zirconia (TZP), suitable additions of the stabilizing oxides
Y,03 and CeO; to ZrO,, combined with relatively high cooling rates from sintering and so-
lution treatment temperatures, permit metastable t-ZrO; to be retained to room temperature
in the form of an equiaxed, fine-grained (0.5-3 pm grain diameter) polycrystalline aggregate.
Zirconia-toughened ceramics instead are constituted by dispersed particles of metastable t-
ZrO, in a stable ceramic matrix. For this class of ceramics (which comprises the subject of
this work, i.e. mullite/zirconia composites), it has been demonstrated that an extremely ac-
curate control of many significant microstructural and compositional aspects (concentration,
distribution, particle size of tetragonal zirconia phase, solubility of different oxides in zirco-
nia phases, etc.) is fundamental for the retention of the t-phase at room temperature, and for
its subsequent transformation into the m-form ',

All the different models that have been proposed in the last decades to describe this tough-
ening mechanism managed to capture the essence of transformation toughening and to pro-
vide a firm foundation for the topic. All the models shared an emphasis on the development

of a transformed "“process” zone associated with an advancing crack, where it was assumed
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that metastable grains or particles of the t-phase could undergo a martensitic transformation
in the crack-tip stress field. This continues to be the essential principle underlying the more-
recent models and the refinements of the earlier ones. In Fig. 3.3 is reported a schematic
representation of the transformation toughening mechanism and the characteristic R-curve
behavior of this class of ceramics.
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Figure 3.3: Schematic representation of an R-curve behavior of a transformation-toughened ceramic.

In Fig. 3.3, AK¢ represents all the "crack-shielding" contributions to the global toughness

of a brittle material, which could be generally described with the relation
Kic = Ko + AK¢ (3.1)

where K represents the toughness of the matrix.

When little or no R-curve exists, at a critical stress, the crack extends with no additional
increase in toughness, and the material generally fails catastrophically. Materials contain-
ing extrinsic toughening mechanisms exhibit R-curve behavior when the applied stress is
at a value sufficient to propagate the crack but below the fracture stress. Under these cir-
cumstances, the process zone and shielding zones are developed, resulting in continually
increasing toughness until a saturation level or critical stress intensity is reached, whereupon
the crack propagates in an unstable manner, and the material fractures.

Mullite is one of the ceramic matrices that may be toughened by the dispersion of tetrag-
onal zirconia particles, as reported by Schneider!. Following the same author, there are
many fabrication routes for mullite-zirconia composites, such as sintering of mullite and zir-
conia powders, reaction sintering of zirconia and mullite precursors, or of ZrO;-Al,03-5i0;
mixtures, reaction sintering of zircon and alumina, reaction bonding of aluminum metal, alu-
mina and zircon, crystallization of rapidly quenched melts in the ZrO;-Al,03-5i0; system,

and other miscellaneous fabrication methods!.
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One of the main aims of the present work is exploring the feasibility of an additional route
for the fabrication of mullite-zirconia composites, based on the use of a silicone resin (acting
as silica source) filled with Al,O3 and ZrO, nano-particles. Due to the nanometric size of
the zirconia reinforcement, the obtained ceramics can be included in the field of bulk nano-
structured ceramics and nano-composites, that have attracted a remarkable attention, in the
light of their interesting structural characteristics, in the last two decades''~!7.

As a starting point of the present work, the mullite synthesis route from a preceramic
polymer filled with nano-sized y-Al,O3 proposed by Bernardo et al.'® was considered. This
methodology has been demonstrated to be extremely effective for the obtainment of fine-
grained pure mullite phase. This system, as demonstrated by Griggio et al.'”, is characterized

by a remarkable reactivity, comparable even with diphasic sol-gel systems.

3.1.2 Experimental procedure

In the main part of this work, a commercial polysilsesquioxane (Silres® MK) was dissolved
in isopropanol and mixed with y-Al,O3 nano-sized powders (AEROXIDE® Alu C) and ZrO,
nano-sized powders (VP Zirconium Oxide PH; VP Zirconium Oxide 3-YSZ; TZ-0), thus pro-
ducing dispersions with 20% solid content. The -Al,Os/polysilsesquioxane weight ratio
was kept constant in all the dispersions, and equal to 2.125 (this value was obtained consid-
ering both the 3A1,03-25i0, molar ratio of mullite, and the ceramic yield of the preceramic
polymer after heat treatment in air, being 84 wt%). ZrO, nano-sized powders were intro-
duced in the proper quantity to obtain the desired zirconia content in the final composites.
Some materials were produced adding TiO; nano-sized powder (VP P90), in an amount of 3
wt% related to the mullite amount after heat treatment.

A first part concerned the synthesis of mullite/20 vol% ZrO; nano-composites using three
different starting ZrO; nano-sized powders (Evonik VP-PH, Evonik VP-3YSZ and Tosoh TZ-
0), and the respective samples were labeled as MZD20, MZDY20 and MZT20. Based on these
preliminary results, more samples with 0, 10, 20 and 30 vol% zirconia were produced using
exclusively Evonik VP-PH ZrO; nano-sized powders, which were labeled MZDx, where x
is equal to the vol% of zirconia. These new samples were produced with and without the
introduction of TiO; as sintering aid; samples containing also TiO, were labeled MZDx_Ti3.

Other experiments regarded the utilization of chemically-modified oxide powders as start-
ing fillers. This work was made in collaboration with the Department of Material Science

2021 consisted on a

and Chemical Engineering of Politecnico di Torino. This methodology
modification of the AlO3 powders with inorganic metal salts prior to the realization of the
polymer/powders dispersions described before. y-Al,O3 nanopowders (Aeroxide Alu C)
were firstly dispersed in distilled water by ball milling for 3 h (powder/spheres mass ratio of
1:10, x-alumina spheres with a diameter of 2 mm) and then added with the aqueous solutions
of the inorganic metal salts. ZrCly (0.3 M) aqueous solution was used to yield ZrO,. When
ZrCly is used, pH is less than 1, so a proper amount of tribasic ammonium citrate was added
(molar ratio ammonium citrate:ZrCly equal to 2:1), in order to reach a pH of 4.5 and avoid
problems of corrosion on the spray-drier steel parts. After homogenization under stirring for
1 hour, the doped suspensions were diluted down to 4 wt% and dried by atomization, in or-
der to avoid segregation of the added salts. After the spray-drying step, powders were finally
calcined at 600°C for 1 h. These powders were then dispersed into a Silres MK/isopropyl
alcohol solution.

All the dispersions were magnetically stirred for 20 minutes, then ultrasonicated for other
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20 minutes, thus obtaining homogeneous and stable dispersions. All the dispersions were
dried in oven at 60°C overnight, and the material obtained was first finely ground, then cold-
pressed in a cylindrical steel die, without using any binder, thus obtaining specimens with a
diameter of 30 mm and thickness of approximately 2 mm. All the samples were thermally
cross-linked in oven at 180°C for 6 h, and subsequently heat treated to the final temperature
in a muffle furnace in air. All samples without TiO, nanopowder were heat treated at 1350°C
in air for 1 hour (2°/min heating rate), while all the samples containing TiO, underwent a
2-step heat treatment, consisting of a first dwelling at 1200°C for 5 h (2°/min heating rate),
and a secondary dwelling at 1350°C for 1 h (2°/min heating rate). After the heat treatment,
crack-free monoliths with no significant shape deformation were obtained.

To verify the effectiveness of the transformation toughening mechanism, XRD patterns
were also collected after manual grinding of the samples into fine powders, in order to an-
alyze the materials after the creation of an extended crack surface. In order to make the
amount of surface of the cracks comparable within all the samples, only the 89-152 pum frac-
tion (100-170 mesh size) was selected for the diffraction analysis.

The volume fractions inferred from Rietveld analysis were taken as a reference for the
calculation of the theoretical full density of the samples, by application of the rule of mix-
tures; mullite, t-ZrO; and m-ZrO, densities were taken equal to 3.20, 6.10 and 5.68 g/ cm3,

respectively.

3.1.3 Synthesis

In Fig. 3.4 are reported the XRD patterns of as-synthesized mullite/20 vol% ZrO, nano-
composites produced, as a preliminary study, using three different commercial ZrO, nano-
sized powders (patterns ”a”, “b” and “c”) and using Al,O3 chemically modified with ZrCly
powders (pattern “d”). When commercial ZrO, powders were used, only mullite, t-ZrO, and
m-ZrO, were detected. The pyrolysis of a silicone resin at temperatures above 600°C in an
oxidative atmosphere led to the formation of a highly reactive amorphous silica matrix, which
reacted at higher temperature (>1250°C) with y-Al,O3 nano-sized particles to give a very pure
and fine-grained mullite'®!”. No evidences of secondary phases formation was found (e.g.
zircon formation from the reaction of zirconia with silica). Nanocomposites synthesized using
chemically-modified Al,Os nanopowders (pattern “d” in Fig. 3.4), as could be observed,
appear very similar to the other samples, although some differences should be noticed. First
of all, although chemical modification was tailored in order to obtain an amount of ZrO; in
the final composites equal to 20 vol% (as in samples MZD20, MZT20 and MZDY20), Rietveld
refinement revealed that a smaller amount of ZrO; is present in the final materials (17 vol%).
This lower ZrO, content should be attributed to the probably poor control on the final doping
level when Al,O3; nanopowders are treated with ZrCly solution. In addition, some traces of
corundum (x-Al,O3) were detected in the final materials. Again, the origin of corundum
should be probably attributed to the uncertainty over the final stoichiometry of the modified-
Al,O3 powders, which in turn creates some uncertainties over the right polysiloxane/Al,O3
ratio to be used.

To summarize, the advantages connected with this alternative procedure include, in prin-
ciple, a more homogeneous distribution of the toughening phase (ZrO,) inside the mullite
matrix, a potentially smaller ZrO, mean crystallite size (since before the final heat treatment,
ZrO, phase is still basically amorphous, and crystallizes only at higher temperatures), and

a more rapid dispersion procedure (since only one powder component must be added in-
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Figure 3.4: XRD patterns of MZD20, MZT20, MZDY20 and MZX17 samples after heat treatment at
1350°C for 1 h. m=m-ZrO,, t=t-ZrO,, e=mullite, c=corundum (XRD patterns were normalized on
mullite peaks).

side the dispersion). On the contrary, this procedure shows also some drawbacks, which
are mainly the additional step of chemical modification of the starting Al,O3 powders, the
slightly less accurate control over the composition of the final ceramics (as it was verified in
our case), and — as it will be discussed below — the mechanical behavior associated with the
microstructural characteristics of the final composites.

3.1.4 Characterization

As discussed before, the typical application of mullite-based materials are high-temperature
applications, where severe thermal gradients are present and a good thermal shock resistance
is fundamental. Mullite could be used as a resistant protective thermal barrier in very de-
manding applications like space vehicles heat shields. Unfortunately, its very low toughness
(~2.5 MPa-m%®) limit its reliability as a possible material for structural components. In the
present work, the realization of mullite monoliths with increased toughness has been studied,
following the synthesis technique described in the previous section.

In order to better evaluate the mechanical and microstructural behavior of the different

composites, XRD analysis on as-prepared and on ground samples were carried out, followed
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by Rietveld refinement with special attention to the phase assemblage and the grains dimen-

sions in the final composites.
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Figure 3.5: XRD patterns of MZDY20, MZT20, MZD20 and MZX17 in the (A) as-prepared and (B)
ground state. m=m-ZrO,, t=t-ZrO,, e=mullite, c=corundum (XRD patterns were normalized on mullite
peaks).

Different tetragonal /monoclinic ZrO, ratios were found in the 4 samples, and they are cor-
related with the degree of stabilization of the zirconia particles inside the mullite matrix, in
dependence on the type and size of the starting zirconia powders. A total tetragonal phase
(t-phase) retention was achieved when using yttria-stabilized powders (MZDY20). More in-
terestingly, a very high t-phase retention was achieved in the other two samples even without
the presence of any stabilizing solutes. The MZD20 sample shows a 93% t-phase retention at
room temperature, while this value decreased to 69% for MZT20, due to the coarser nature of

the initial powders. In sample MZX17 instead, a total t-ZrO; retention was achieved, obtain-

61



Table 3.1: t-ZrO, retention (before and after grinding), t-ZrO, transformation and indentation toughness
values for MZD20, MZT20 and MZDY20 samples.

Sample t-ZrO, retention (%) Transformed ZrO, (%) Toughness (MPa-m"®)
as-prepared after grinding

MZD20 92 48 48 5.240.5

MZT20 69 28 59 4.9+40.6

MZDY20 100 94 6 3.840.4

MZX17 100 81 19 3.51+0.8

ing a result basically identical to MZDY20 sample, but without the presence of yttrium oxide
as a stabilizing agent for the tetragonal form. In this case, a total tetragonal phase retention
must be attributed only to a mechanical constraint effect, which was easily achieved by both
a smaller ZrO, mean crystallite size (equal to 62 nm) and a lower ZrO, content, if compared
to other samples (17 vol% vs. 20 vol%).

By collecting XRD patterns of the materials in the ground state (Fig. 3.5(b)), it was possible
to obtain important indications on the effectiveness of the transformation toughening mecha-
nism. Tab. 3.1 reports the overall content of t-phase of the nano-composites in the as-prepared
state and after grinding; in it, the degree of t—m transformation due to crack formation upon
grinding is also reported, inferred from the difference between the above cited contents of t-
phase (as an example, if we have 69% t-phase in the as-prepared state for MZT20, and 28%
of t-phase after grinding, the difference is 41%, which is the 59% of the initial t-phase con-
tent). The highest transformation values of the initial t-ZrO, volume that underwent the t—m
transformation were obtained for the two un-stabilized samples (48% and 59% for MZD20
and MZT20, respectively), while in sample MZDY20 a very limited fraction of zirconia un-
derwent the t—m transformation (about 6%). Finally, MZX17 show an intermediate behavior
between the un-stabilized samples and MZDY20: although a full tetragonal phase retention
was achieved (as in yttria-stabilized sample), a more pronounced ability to transform was
observed, with a 19% ZrO; that underwent the t—m phase transformation.

All these results are in agreement with the fact that the stress required to initiate the t—m
transformation is proportional to the degree of stabilization of the zirconia particles, and de-
creasing the stabilization of the zirconia would also increase the extension of the transformed
zone. It has been demonstrated that the global (solute and mechanical) degree of stabiliza-
tion of zirconia particles depends on (1) zirconia grain dimensions, (2) zirconia content, (3)
stabilizing solute content and (4) matrix properties, and is directly related to the Ms (t—m
martensite start transformation) temperature (the more effective the stabilization, the lower
the Ms temperature, and vice versa). While t-phase stabilization tends to increase with de-
creasing particle size and with increasing concentration of stabilizing agents, the ability to
transform shows an opposite trend ®-'°.

The best toughness results (see Tab. 3.1) were obtained by using the two un-stabilized
powders (5.240.5 and 4.940.6 MPa-m®° for MZD20 and MZT20, respectively), while the
MZDY20 and MZX17 samples exhibited lower values (3.840.4 MPa and 3.5+0.8-m%°, re-
spectively). These data confirm the presence of a very effective transformation-toughening
mechanism active in the MZD20 and MZT20 samples, in which a very good combination of
t-phase retention and transformation has been reached. The toughness values for the MZD20
and MZT20 samples appear to be very similar, even if their respective t/m ratios are quite
different. One likely reason for this could be the very close absolute volume fraction (vol%)

of transformed ZrO;, inferred from Rietveld refinements, in both samples: the higher t-phase
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retention, upon cooling, presented by MZD20 sample compared with MZT20, is counterbal-
anced by a lower ability to transform. Moreover, the possible presence of microcracks in the
MZT20 sample, associated with the formation of a certain quantity of monoclinic ZrO, upon
cooling, could be taken into consideration as an additional toughening contribute; however,
it is well known that the contribution of microcracking is generally much less important than
that of the transformation mechanism '’

On the contrary, the lower toughness values for MZDY20 confirm an excessive t-phase
stabilization of the zirconia powders. In MZDY20 sample the additional stabilization con-
tribution of Y,O3 was very effective for the obtainment of fully tetragonal zirconia phase,
but at the same time it strongly suppressed its ability to transform in the monoclinic form.
Finally, MZX17 sample shows an intermediate behaviour: while a full tetragonal retention
was achieved, its ability to undergo the t—m transformation was higher than the sample
containing yttria-stabilized powders. However, this transformation value is still quite small
(19%), if compared to MZD20 and MZT20 (48 and 59%, respectively), and considering also
the lower ZrO; presence in the final ceramics (17 vol% vs. 20 vol%), the relatively low value
of indentation toughness measured could be easily justified.

Based on this preliminary study, further developments and characterization were con-
ducted exclusively on MZDx composites, featuring the most promising balance between
t-phase retention and ability to transform. Mechanical properties such as indentation tough-
ness and flexural strength for MZDx and MZDx_Ti3 composites are shown in Fig. 3.7a and
in Fig. 3.7b, respectively, while relative density values are reported in Fig. 3.6. It may be
observed that with TiO, addition and modification of the thermal treatment it was possible
to obtain an increase of density at all ZrO, concentrations, probably due to a decrease of the
viscosity of amorphous SiO, at 1200°C provided by TiO,, with a consequent more effective
densification process through transient viscous sintering (as reported by other authors?*??),
before the nucleation of the mullite phase. The effect of TiO, was found to be higher for
samples with a lower zirconia content, and it decreased at higher ZrO, concentrations. In
all the samples, residual TiO, was always present as rutile phase. Moreover, small quanti-
ties (<1 vol%) of residual amorphous phase are believed to be present, according to Rietveld
refinement data.

A general remarkable increase of toughness was observed, especially if compared with
common mullite/zirconia toughness values reported in literature®. In Fig. 3.8 a diagram re-
suming the toughness range of mullite/ZrO, and mullite /SiC composites is reported (as re-
ported by Schneider?). As could be noticed, materials developed during the present research
not only could be compared to the best analogous mullite/ZrO, composite in literature, but
also with mullite/SiC composites, which generally show the best toughness properties, thus
confirming the good potentiality of the present synthesis strategy for the obtainment of high
temperature materials for structural applications. In Fig. 3.9 two examples of Vickers in-
dentations are shown, produced under the same load conditions (50 N for 30 seconds) on
the surface of (a) MZDO0 and (b) MZD30 samples, where noticeable differences in the cracks
generated at the corners between the two samples could be observed.

While for MZDx samples this increase appears to be almost linear with increasing zirconia
content, MZDx_Ti3 series seems to follow a different and more complex behavior. Consid-
ering pure-mullite samples (MZD0 and MZD0_Ti3), the increase of toughness in MZDO_Ti3

4. On the contrary, in

is likely due to the density increment achieved by TiO, insertion
mullite/zirconia nano-composites toughness behavior seems to be quite well related to the

volume of transformed zirconia during fracture propagation. Considering that the ability to
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Figure 3.9: Vickers indentations of (a) MZDO0 and (b) MZD30 samples using a load of 50 N.
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Table 3.2: t-ZrO, retention, t-ZrO, transformation, grains dimension and Young’s modulus of MZDx
and MZDx_Ti3 nano-composites.

Sample t-ZrO, retention (%) Transformed ZrO, (%) Grains mean dimensions (nm) Young’s Modulus (GPa)
Mullite  t-ZrO, m-ZrO,
MZD0 / / 185 / / 75
MZD10 90 62 181 95 54 140
MZD20 92 48 157 94 41 164
MZD30 55 63 164 75 41 185
MZDO0_Ti3 / / 189 / / 119
MZD10_Ti3 83 69 166 95 38 145
MZD20_Ti3 85 56 187 102 80 187
MZD30_Ti3 29 57 174 58 47 200

transform does not significantly change after the insertion of TiO,, the effective ZrO, values
are proportional to the t-phase retention (see Tab. 3.2). As a consequence, in the 10-20 vol%
range no significant changes in t-phase retention entail no significant changes in toughness
values. In the same manner, the strong decrease of t-phase retention of MZD30_Ti3 sample
appears to be connected with its lower toughness value, if compared with MZD30 sample.
The fact that t-phase retention decreases abruptly only at higher ZrO, content is once more
in accordance with results reported in literature about the transformation toughening mech-
anism !9, Tt should be observed that the toughness values were probably affected by the
residual porosity, since pores can interact with crack propagation and provide some crack
blunting?. Although further efforts in the toughness characterization are needed (e.g. by
applying more reliable SENB or CNB techniques), the increase in toughness, starting from
pure mullite, is considered to be noteworthy, since the insertion of ZrO, and TiO; is always
accompanied by a decrease of porosity (see Fig. 3.6).

Flexural strength values showed a general increase with increasing ZrO, content for MZDx
samples, with values in the 100-220 MPa range. For MZDx_Ti3 series, the global trend was
found to be more complex. TiO, presence did not appear to have significant effects at lower
ZrO, concentrations (0, 10 vol%), while it is possible to observe a good strength increase for 20
vol% nano-composite (241 MPa). For 30 vol% of ZrO;, there is an abrupt decrease in strength
to 160 MPa, similarly to what described before for toughness. In this case, it is believed that
the considerably higher t—m transformation that occurs after heat treatment may produce
a certain amount of microcracking, which could be associated with a new family of defects
that can have a significant influence on the flexural strength values. Nevertheless, not all
the t—m transformation should be associated with microcracking, otherwise a significant
decrease in the Young’s modulus values (Tab. 3.2) would be expected’. Flexural strength
results are generally lower than other results previously reported in literature®. This could
be certainly attributed to the quite high residual porosity, connected to the transformation
of the preceramic polymer into a ceramic phase during heat treatment. Effect of porosity on
flexural strength has been extensively studied on previous works in literature, and although
it appears difficult to find a generally valid model for porosity effect on strength, it is not
uncommon to have strength decreases of the order of 20-50% for values of porosity in the
10-25 vol% range?*.

In Fig. 3.10 SEM images of samples MZD0, MZD20, MZX17 and MZD20_Ti3 are reported.
All images (with the exception of MZD0) were acquired by using back-scattered electrons,
to create a more clear contrast between the mullite matrix (which is represented by the gray
areas) and the ZrO; dispersed phase (associated with the white areas). An homogeneous
distribution of the ZrO, phase was achieved within the mullite matrix for all the samples.

SEM analysis seems to be in good accordance with the mean grain size values obtained from
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Figure 3.10: Back-scattered electrons (BSE) SEM images of samples a) MZDO (secondary electrons), b)
MZD20, ¢) MZX17 and d) MZD20_Ti3 after heat treatment at 1350°C for 1 hr.

Rietveld refinement of XRD patterns (see Tab. 3.2). A certain fraction of smaller (<50 nm)
ZrO, particles is believed to be placed in intragranular positions, due to a probably reduced
pinning effect of ZrO, grains on mullite grains. In all the images, evidences of residual
porosity could be noticed, confirming the results obtained by relative density measurements
(see Fig. 3.6). Cracks and porosity formation should be associated both with the development
of the polymeric phase during the pyrolysis step, but also with the subsequent formation
of mullite at higher temperatures, which entails a further increase of material density, and
thus a further shrinkage of the materials. Tensions are likely generated during both these
phases, which could not be totally relaxed by viscous flow or diffusion processes (very limited
especially in the case of mullite).

3.1.5 Conclusions

A novel method for the production of mullite/zirconia nano-composites has been presented.
Oxide nano-particles were found to be useful as both active and passive fillers. Al;O3; nano-
powders were confirmed to yield highly pure mullite at relatively low temperature, reacting
with the SiO, residue provided by the silicone resin (active fillers); TiO, nano-powders led to
improvements in the densification of mullite and ZrO,-reinforced mullite matrix composites,
reasonably by modifying the viscosity of the SiO, provided by the silicone resin (low tem-

perature transient viscous sintering); ZrO, nano-powders acted as a passive fillers, since they
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did not react with the silicone resin, but they were very effective in modifying functionality,
i.e. in controlling fracture propagation by transformation toughening. Due to the nanometric
distribution of ZrO, in the mullite matrix provided by the Al,O3/silicone reaction, the reten-
tion of tetragonal ZrO, phase and the associated toughening effect were found to be effective
without any need for additional stabilizing solutes (e.g. Y»Os3). Furthermore, an alternative
route for the realization of mullite/ZrO, nanocomposites by chemically modifying the start-
ing fillers was studied, and first results demonstrated the possibility of obtaining an even
more homogeneous distribution of ZrO, reinforcing phase inside the mullite matrix, thanks
to an ”in-situ” nucleation of ZrO, nanograins during the pyrolysis/sintering process.
Thanks to a systematic study of the behavior of different ZrO; nanoparticles and their in-
fluence on the microstructure of the final materials, best conditions were found to achieve the
best balance between t-phase retention and its ability to undergo the t—m transformation
during the propagation of cracks, which — as confirmed by the present work — is a fundamen-
tal aspect of the whole transformation-toughening mechanism. On the basis of the simplicity
of the process and the low treatment temperatures, the presented approach is thought to
be very favorable to the production of strong monolithic ceramic components, even in the
case of complex shapes, that could be obtained by an easy machining of nano-filled silicone

components, before heat treatment.
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3.2 Zircon

3.2.1 Introduction

Zircon (zirconium silicate, ZrSiO4 or ZrO,-Si0,) is a ceramic material which is suitable for
multiple applications, although most of them have been rather unexplored so far. The classi-
cal application is in the field of refractory materials, where zircon is appreciated mainly for
its very low CTE, although the performance is generally lowered by the presence of impu-
rities!. More recent high-technology applications are in the nuclear and electronic fields. In
fact, zircon has been considered a promising nuclear waste host material”’™, owing to the
possibility of introducing large amounts (up to 20 wt%) of radionuclide cations inside its
crystal structure*. Electronic applications are in relation to the possibility to replace SiO; in
silicon-based MOSFET, thanks to its relatively large dielectric constant, high band gap, high
breakdown field, and good thermal stability in contact with silicon”~.

According to several studies in literature, zircon synthesis from SiO; and ZrO; raw ma-
terials is characterized by a very slow kinetic, and achieving high zircon yield through this
reaction sintering is possible only at high temperatures (above 1500°C). High synthesis tem-
peratures, however, hinder the applicability: as an example, the hosting of nuclear waste
may be compromised, due to the risk of volatilization of some radionuclides, lowering the
immobilization efficiency*. The possibility of lowering the synthesis temperature of zircon

811 well known

has been explored in several studies, most of them based on the sol-gel route
to be hardly applicable to the manufacturing of monoliths.

In the recent years, the use of Polymer Derived Ceramics (PDCs) in conjunction with nano-
sized particulate fillers has proved to be a straightforward methodology for the realization
of advanced ceramic monoliths, featuring a kinetic comparable, if not better, to the sol-gel
method. The coupling of the high reactivity of nano-sized particles with that of amorphous
silica, provided by the ceramic conversion of silicones, leads to a high phase purity and to
an interesting microstructure. In particular, it has been shown the possibility to produce
nano-structured ceramics, i.e. fine grained monophase ceramics or ceramic matrix nano-
composites, such as zirconia-toughened mullite .

In this section, the application of the method of nano-sized filled silicones to the manufac-
turing of zircon ceramics will be discussed. The approach was found to enable the synthesis
of crack-free and high purity zircon monoliths at low temperature (1200°C), starting from a
silicone and zirconia nano-sized particles, through a careful control of additional secondary
fillers and seeds.

3.2.2 Experimental procedure

A commercially available polysilsequioxane (Silres MK) was dissolved in isopropyl alcohol
under stirring. ZrO, nano-sized powders (VP Zirconium Oxide PH) were subsequently dis-
persed into the solvent/polymer solution, without the addition of any chemical dispersant.
A pure ZrO, /MK system, where the ZrO, /MK weight ratio was kept constant and equal to
1.682, was investigated first. The weight ratio value of 1.682 was calculated by considering
both the stoichiometry of zircon (SiO, and ZrO, in equal molar concentration) and the ce-
ramic yield of the polysiloxane, which is equal to 82 wt%. Although it should be considered
that, in some cases, the introduction of secondary fillers could have some influence on the
chemical composition of the final ceramic residue (particularly in the case of active fillers),

during the present work calculations were made with the assumption that a pure SiO, ce-
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ramic residue from the polysiloxane(s) is obtained, thus neglecting possible polymer-fillers
interactions during the pyrolysis step. This assumption seems to be reasonable, since heat
treatments were carried out in oxidative atmosphere and only oxides were used as fillers. In
other formulations, TiO, nanopowders (VP P90) and/or zircon seeds were also introduced.
Considering the possibility that Ti** cations could enter into the zircon crystal lattice by sub-
stituting Zr** cations'?, in all the dispersions containing TiO; the original ZrO, /MK weight
ratio was adjusted according to the relation n(S5iO;)=n(ZrO,)+n(TiO,), with n(x)=moles of
species x. Samples were labeled “X-Y”, where “X” and “Y” represent the molar TiO, and
seeds concentrations in the final ceramic, respectively. All the dispersions were homogenized
by magnetic stirring for 10 minutes, and then ultrasonicated for 20 minutes to reduce the size
of the residual particles agglomerates, thus obtaining homogeneous and stable dispersions.
After the evaporation of the solvent in oven at 90°C the material obtained was finely ground
in a mortar with a pestle and sieved (75 pm aperture). Powders were uniaxially compacted
at room temperature under a pressure of 40 MPa. Pellets with a diameter of 20 mm were
subsequently heat treated in air in the 1100-1500°C range for 1 and 4 h (10°Cmin heating
rate).

For some samples, part of Silres MK was substituted by another polysiloxane (Silres H62C),
which is characterized by a different SiO, yield (approx. 58 wt%) and does not releases
gaseous products during the curing step. For these samples, a partial pre-curing treatment
(250°C 30 min) was necessary before the grinding step.

Phase evolution was investigated by means of X-ray diffraction, coupled with Rietveld
refinement. After Rietveld refinement, a zircon yield parameter was calculated with the
formula reported below:

Z)Olo/ozircon

zircon yield =
Y (001%zircon + V01%m—zr02 + V01%; 7,02

3.2.3 Synthesis

In Fig. 3.11, XRD data for a pure MK/ZrO, system are reported as a function of the tem-
perature (1 h soak time). As it can be observed, zircon is virtually absent even at 1500°C
as a confirmation of the already reported extremely slow nucleation kinetic, and unreacted
ZrO; and SiO; continue to be the predominant phases. Below 1500°C ZrO, is the only crys-
talline phase, and the SiO, component deriving from the pyrolysis of the silicone resin is still
present as an amorphous phase. The t-ZrO,/m-ZrO, ratio first increases up to 1300°C and
then decreases until 1500°C the first increase, from one hand, is probably due to the well
known mechanical constraint effect of the matrix on the t-ZrO, phase; the decrease, on the
other hand, could be associated with an progressive increase in the dimension of the ZrO,
grains, counteracting the mechanical constraint provided by the matrix .

An approximate but rapid evaluation of the kinetic of the system, in the form of MK and
ZrO, nano-particles, with or without additives, comes from the evolution curves reported in
Fig. 3.12. It is evident that the formation of zircon was effectively enhanced by the intro-
duction of small quantities (5 and 10 mol%) of TiO, and/or zircon seeds, since the zircon
yield is much higher than that from only MK and ZrO;, in any condition of concentration of
additive, temperature and soak time. Specific features, however, should be noted. First of all
TiO, may be seen as a key additive, as testified by the evolution curves for samples 5-0 (5%
TiO,, no seeds) and 10-0 (10% TiO,, no seeds), for both 1 and 4 h treatments, shown in Fig.

3.12, and by the XRD patterns as a function of the treatment temperature, at a constant soak
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Figure 3.11: XRD patterns as a function of the treatment temperature of 0-0 sample. m=m-ZrO;, t=t-
ZrQ,, c=cristobalite.

time of 1 h, for samples 10-0 and 10-10 (10% TiO,, 10% seeds), shown in Fig. 3.13.

TiO, nanoparticles accomplish their beneficial effect by providing a reduction of the viscos-
ity of the SiO, phase (deriving from the pyrolysis of the polymeric phase) before the reaction
of the latter with ZrO, nanoparticles to give the formation of zircon. The reduction of SiO,
viscosity by the introduction of Ti** cations, which was also observed in previous works in

literature 116

, is associated with a breakage of the silica network produced upon pyrolysis,
thus leading to a lower network connectivity. The improved mobility of silicon and oxygen
ions, upon rupture of siloxanic network, as a triggering event, is also consistent with the
observation that silicon and oxygen ions are the mobile species in zircon formation .

If TiO, may be seen as an actual catalyst, the sigmoidal curves for samples 5-0 and 10-0
being shifted towards lower temperatures with increasing TiO, content, the role of seeds is
less clear. The zircon yields were simply shifted up by a constant quantity, below a “critical
temperature”, 1300°C for 1 h soak time or 1200°C for 4 h, according to the different quantity of
seeds added to the starting mixture, compared to the yields for pure Mk and ZrO,. The seeds
reasonably provided some heterogeneous nucleation, but with a much less marked effect on
the temperature for extensive zircon formation than TiO,. Interestingly, a synergistic effect
of TiO, addition and seeding occurs, testified by the high zircon yields for the 5-5 and 10-
10 systems even below 1200°C. In the presence of both TiO,, after 4 h at 1100°C the effect
of seeding starts to be significant already at 1100°C and gives almost phase pure zircon at
1200°C (sample 10-10). The synergy is further illustrated by the DTA analysis reported in
Fig. 3.14 whereas for pure MK and ZrO, there is no practical evidence of crystallization
exothermic peak, the sample with both TiO, and seeds shows a well defined peak at about
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Figure 3.12: Zircon yield as a function of the treatment temperature for all the different systems studied.
(a) 1 h soak, (b) 4 h soak.

1320°C (the other peaks are all attributable to the decomposition of the silicone resin, evident

also from the weight loss in the thermogravimetric — TG - plot).

3.2.4 Applications
Zircon bulk components

The phase purity, in the newly developed zircon ceramics, is not accompanied by mechanical
consistency. SEM analysis revealed many cracks in all samples, as it could be observed, as
an example, for sample 0-0 (Fig. 3.15a,b) and sample 10-10 (Fig. 3.15¢,d). Compact regions
are separated one from each other, leading to very poor mechanical properties. This effect is
very likely to be associated with the lacking compensation of the significant shrinkage and
gas release occurring upon polymer decomposition at high temperature'®. For this system,
the effect of fillers does not seem sufficient to compensate the shrinkage upon pyrolysis and
crystallization, even in the case of 10-10 sample, where the highest concentration of passive
zircon seeds has been introduced.

Besides micro-cracks observable in SEM images, polymer evolution during pyrolysis has
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Figure 3.13: XRD patterns as a function of the treatment temperature (1 h soak) of 10-0 (a) and 10-10
(b) samples. m=m-ZrO,, t=t-ZrO,, z=zircon, c=cristobalite.

also a major influence in the integrity of samples after heat treatment. As could be observed
in Fig. 3.16a, visible cracks are present in 10-10 sample (1300°C 1 h), which of course hinders
any possible application of this type of ceramics as structural components.

To increase the integrity of the samples, part of Silres MK was replaced with Silres H62C,
in order to have an equal SiO, contribution from both the polymers. Sample 10-10 was
realized with this new formulation (referred as “10-10H”), and a picture of this sample is
reported in Fig. 3.16b. No evident macrocracks could be observed in the sample: this result
is considered to be noteworthy, especially considering the high temperature increasing rate
(10°/min) adopted during the experiments. As shown by Fig. 3.17, the formation of zircon
does not seem to be affected by the new source for silica (as a representative example, only
patterns for the condition 1300°C/1 h are reported, which are virtually identical).

The new samples, although much improved compared to those from only MK, being visibly
not cracked and hard to be powdered, were not actually fully dense, as reported by Tab.
3.3. No significant increase in apparent density and decrease of open porosity could be
observed in the 1200-1400°C range, while a certain densification seems to start at 1500°C.
Zircon monoliths synthesized at 1500°C showed a biaxial flexural strength equal to 138419
MPa.

SEM images in Fig. 3.15e,f confirm the presence of residual porosity, but also show, sig-

nificantly, a much different structure from 0-0 and 10-10 samples. Long cracks are replaced

75



20 — 9
04 6
S 20 ] s &
e ----1010 [
< .
K -40 - 0-0 -0 ©
-60 — 3
-80 - I
| 6 & ooo—====—==-o. -6
-100 T T T T T T T T T T T T T T T I

0 200 400 600 800 1000 1200 1400 1600
Temperature (°C)

Figure 3.14: DTA /TG analysis of samples 0-0 and 10-10.

by a system of microcracks, likely determining a much lower enweakening effect, owing to
crack branching'*. A clear explanation for this improved samples mechanical consistency
is still not very clear. The residual porosity (which is believed to be connected with the
powder compaction step, which have still to be optimized) should give an beneficial effect
with regard not only to the integrity of the samples after heat treatment, but also to the final
properties such as thermal-shock resistance. Another contribute could be connected with the
pre-curing step before powders compaction, which can eliminate (at least partially) the con-
tribute of both shrinkage and gaseous products release during cross-linking. In any case, this
does not seem to be the only reason. In fact, samples containing only Silres MK which have
been pre-cured with the same methodology before compaction (data not shown for seek of
brevity) still suffer cracking after heat treatment. Similar results for different ceramic systems
(e.g. cordierite ceramics in Section 3.3) suggest that the molecular structure of the starting
polymer could influence the characteristics of the amorphous SiO; network (i.e. connectivity,
number of defects) after pyrolysis, and specific studies (regarding tests with many different
weight proportions between MK and H62C) are currently being planned for the future.

A final remark concerns the possible applications of the developed ceramics. The very low
synthesis temperature is attractive for the realization of monoliths to be used as refractory
components or as dielectrics (e.g. the possibility of shaping in the preceramic state could be
interesting, for the manufacturing of electronic micro-components); in addition, considering
the low coefficient of thermal expansion, zircon anti-oxidation coatings could be proposed
on SiC substrates: the low firing temperature could allow zircon formation without extensive
oxidation of the substrate. Results regarding the realization of zircon-based protective coat-
ings will be presented in Section 3.4.4, together with analogous results on Yttrium-disilicate

coatings.

3.2.5 Conclusions
We may conclude that:

¢ silicone resins, properly filled with oxide nano-particles, are suitable for the preparation
of zircon monoliths, starting from the very low temperature of 1200°C
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Figure 3.15: SEM images of samples (a,b) 0-0, (c,d) 10-10 and (e,f) 10-10H (1300°C 1 h).

TiO, nano-particles are very effective in promoting low temperature synthesis of zircon,
reasonably by operating a decrease in viscosity of the amorphous phase provided by
the ceramic conversion of silicones;

zircon seeds are particularly appreciated in their synergistic effect with TiO,; an opti-
mum composition comprises 10 mol% TiO; and 10 mol% seeds; variations in the silica
source, i.e. changes in the formulation of the starting silicone, do not seem to affect the
formation of zircon, rather than the density and integrity of the obtained monoliths;

the low firing temperature is promising for extending the applications of zircon ceram-
ics.

the partial substitution of Silres MK with H62C was extremely effective for the realiza-

tion of crack-free bulk components with interesting values of mechanical strength.
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Figure 3.16: a) 10-10 and b) 10-10H samples after heat treatment at 1300°C for 1 h.
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Figure 3.17: XRD patterns of samples 10-10 and 10-10H (1300°C 1 h). z=zircon, t=t-ZrO;.

Table 3.3: Bulk and relative density values for sample 10-10H as a function of the treatment temperature.
A theoretical density of zircon equal to 4.6 g/cm? was considered to calculate relative density values.

Treatment temperature (1 h soak) Bulk density (g/ cm?®)  Relative density (%)

1200°C 3.74 81
1300°C 3.75 81
1400°C 3.79 83
1500°C 3.97 86
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3.3 Cordierite

3.3.1 Introduction

Cordierite is a Mg-aluminosilicate with the general formula 2MgO-2Al,03-55i0,. Its very
low CTE (coefficient of thermal expansion, equal to 2:107°K~!) and its good thermal sta-
bility, corrosion resistance and generally low price make this material one of the most used
refractories for high temperature (up to approximately 1250°C) applications characterized by
severe thermal gradients. Cordierite has also been so far the mainstream ceramic for the
realization of particulate filters for diesel engines, and finds also application in the catalytic
converters field.

Because of the generally inexpensiveness of cordierite ceramics, the synthesis route and the
raw materials selection is of fundamental importance. The most important synthesis route
for cordierite ceramics is the reactive sintering at high temperature of various combinations
of different inorganic powders like oxides, hydroxides, clays, etc.l. Homogeneous and high
purity cordierite powders could be also synthesized by the sol-gel route'?, although the
relatively high prices of the reagents and the solvents needed during the sol-gel process are
generally not compatible with the inexpensive nature of the final ceramics.

In this Section, a simple method for the realization of high purity cordierite ceramics with
tailorable porosity is presented, starting from a preceramic polymer system, filled with oxides

nanopowders.

3.3.2 Experimental procedure

To study the synthesis of cordierite form filled-preceramic polymers, Silres MK was used as
a silica source. As a first step, silicone resin was dissolved in isopropyl alcohol by magnetic
stirring. After this step, Al,O3 (Evonik Aeroxide Alu C) and MgO (Inframat Advanced Mate-
rials) nanopowders were dispersed into the solvent/silicone solution, in the right proportions
to give the formation of pure cordierite. Mixtures were homogenized by magnetic stirring
and ultrasonication, thus obtaining homogeneous and stable dispersions. After solvent evap-
oration at 80°C overnight, the material was pulverized and subsequently heat treated inside
an Al,Oj3 boat in the 1000-1400°C range for 1 h (10°/min heating rate). Phase evolution was
investigated by means of X-ray diffraction. For low-porosity samples, mechanical strength
measurements were carried out using the Ball on 3-balls technique (see Appendix B) on cir-
cular samples, thus measuring the biaxial strength, while highly-porous samples were cut

down to small bricks, and crushing strength was measured by uniaxial compression.

Low-porosity samples preparation

Silres MK or an MK/H62C mixture was mixed together with Al,O3 and MgO nanopowder.
When an MK/H62C mixture was used, MK /H62C ratio was calculated in order to obtain the
same SiO; contribute from both polymers. As reported in Appendix A, Silres MK is a solid
polysilsesquioxane powder characterized by a 84 wt% silica yield after pyrolysis in oxidative
atmosphere. MK can be thermally cross-linked through condensation reactions between the
hydroxyl and ethoxy functionalities present inside its molecular structure, with the conse-
quent release of water and other volatile species, i.e. ethanol®. H62C instead is a viscous
polysiloxane liquid containing methylic, vinylic and phenylic functionalities, characterized
by a lower ceramic yield (approximately 58 wt%) if compared to MK, but with a thermal
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cross-linking mechanism that does not entail the release of gaseous byproducts. After the
homogenization of the dispersions, solvent was removed at 80°C overnight, and the material
obtained was finely ground in a mortar with a pestle. When an MK/H62C mixture was
used, because of the plastic behavior of the material after drying (due to the lower viscosity
of the H62C component), to make the following grinding step possible an additional step at
250°C for 30 min was necessary to induce a partial cross-linking of the polymeric component.
After the grinding step, powder was sieved (75 pm mesh) and uniaxially pressed at 40 MPa.
Pressed samples were finally heat treated in the 1100-1400°C range for 1 h in air (10°/min
heating rate).

High-porosity samples preparation

Silres MK (or MK/H62C mixture, in the same proportions as for the realization of cordierite
low-porosity samples described in the prior section) was mixed together with Al,O3 and
MgO nanopowder, using isopropyl alcohol as dispersion medium. After the homogenization
step, 50 pm PMMA micro-beads were added in the dispersions and stirred together for 10
min. Dispersions were then dried at 80°C and manually ground in a mortar with a pestle.
Finally, powders were warm-pressed uniaxially at 170°C for 5 min (20 MPa load applied).
Before the final pyrolysis treatment, PMMA sacrificial micro-beads were removed at 300°C
for 2 h in air (1°/min heating rate).

3.3.3 Synthesis

A first part of the work regarded the analysis of the synthesis characteristics of cordierite
from a filled-preceramic polymer system. In Fig. 3.18 the XRD analysis of the samples after
heat treatment in the 1000-1400°C temperature range are reported. Synthesis results were
obtained by using only MK resin as a silica precursor, although equivalent result could be
obtained by using an MK/H62C mixture (results not reported here for brevity).

At lower temperature, the ceramic material is mostly XRD amorphous: the broad peak in
the 18-26° range is mainly associated with the amorphous ceramic residue deriving from the
preceramic polymer, which gives an amorphous silica network after pyrolysis in oxidative
atmosphere; the presence of small spinel (MgAl,O,) crystals (which could be deduced from
the width of the peaks) could also be observed, likely deriving from the reaction of MgO and
Al,O3 nanopowders, as previously described in literature!. In the 1100-1200°C range small
quantities of Mg-silicates and of Mg-aluminosilicates have also been observed, but the very
low intensity of the peaks makes their identification and the evaluation of their evolution not
trivial.

The nucleation of cordierite could be clearly observed at 1250°C, together with the nucle-
ation of cristobalite from the amorphous silica residue present at lower temperature. The
main diffraction peak of cristobalite is located at 21.8°, and it is superimposed to one of
the main cordierite peaks. The nucleation of these two phases must be associated with the
exothermic peak at 1253°C that could be observed in the DTA curve reported in Fig. 3.19.
Cordierite seems to nucleate directly in the high-temperature «-form, and the presence of
intermediate p-cordierite, a metastable high-quartz solid solution*, was not detected, unlike
in other works in literature?>°.

A further increase in the treatment temperature finally leads to the virtually total elimina-
tion of the residual secondary phases, the constituents of which are progressively absorbed

inside the cordierite structure, which becomes the only phase detectable for temperatures
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Figure 3.18: XRD patterns of Silres MK filled with AlO3 and MgO nanopowders and fired in the
1000-1400°C range for 1 h (10°/min heating rate). c=cordierite, a=spinel (MgAl,Oy), s=5i0;.

>1300°C. The results of the present work regarding cordierite synthesis seem to be compa-
rable with previous observations made on sol-gel-derived cordierite'. Enhanced nucleation
kinetic seems to be a common feature of many different ceramic systems obtained through
the pyrolysis of preceramic polymer filled with nanometric fillers. Fillers with higher specific
surface area entail a more intimate mixing of the staring constituent of the final ceramic, thus
reducing the mean diffusion path of species involved in the reactions, as so far demonstrated

in different works”10.

3.3.4 Applications

Based on the synthesis results described in the previous paragraphs, efforts have been put
for the realization of pure cordierite ceramics with tailorable porosity, exploiting the shaping
possibilities that the PDCs technique can offer. As described in the Experimental procedure
section, 2 different types of samples were realized.
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Figure 3.19: DTA /TG curves for an MK/ Al,O3/MgO mixture fired in air.

Low porosity samples were realized by standard uniaxial cold pressing, in order to produce
with the PDCs technique cordierite monoliths with values of porosity as low as possible, to
realize, in principle, samples with the highest mechanical properties, i.e. mechanical strength.

On the other hand, high-porosity cordierite sample were realized by using PMMA sacri-
ficial micro-beads, coupled with a warm-pressing compaction step: these samples, although
characterized in principle by a much lower mechanical resistance, should have the best char-
acteristics for the realization of extremely lightweight samples with extraordinary properties
of thermal insulation.

These 2 types of samples are a good representation of the 2 “extremes” that could be
produced by the PDCs technique described. In principle, intermediate properties between
these two types of samples could be easily realized, thus obtaining sample with a tailorable
amount and type of porosity, and thus with tailorable characteristics of thermal insulation,
density and mechanical resistance.

Moreover, it should be pointed out that the tailoring of porosity that will be described
in the next sections, although applied only to cordierite ceramics, represents an example of
shaping methodology that could be, in principle, applied to many other ceramic systems
realized through the PDCs technique, such as mullite-based materials, zircon, and many

other silicates, for thermal, structural and functional applications.

Low-porosity cordierite components

Monoliths realized with MK as the only silica source were found to be subjected to cracking
upon heat treatment, which off course hinders their applicability. When preceramic polymers
are used, reactions like cross-linking and polymer-to-ceramic conversion imply the release of
gases and a noticeable shrinkage development, both potential sources of cracks. This evidence
is totally analogous to what observed for zircon ceramics in Section 3.2, and is, again, likely
due to the fact that the quantity of fillers added to the preceramic polymer is too low to have
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a sufficient lowering of the global material shrinkage to avoid the formation of cracks.

The substitution of part of MK with H62C was found to be fundamental for the obtainment
of crack-free monoliths. Although the exact mechanism is still not very clear, more factors are
believed to contribute to this enhancement of mechanical consistency: 1) the partial substi-
tution of MK for H62C lowers the gas release during polymer cross-linking (due to different
cross-linking reactions), thus decreasing the generation of cracks and pores that could ex-
tend in the subsequent phases of the heat treatment, 2) the pre-curing step before powder
compaction include a certain amount of shrinkage that must not be taken into account in the
following treatment, 3) the different precursor nature could generate a silica matrix with dif-
ferent properties, like network connectivity and number of defects, and thus with a different
ability to relax structural rearrangements by viscous flow or diffusion processes, and 4) the
residual porosity (observable in Fig. 3.20b, which is likely due to a less “efficient” compaction

step) could have beneficial effects during the release of gases during the pyrolysis.

Figure 3.20: a) low magnification and b) high magnification SEM images of a cordierite sample pro-
duced from a mixture of MK, H62C, Al,03; and MgO nanopowders, after heat treatment at 1300°C for
1h.

SEM images of cordierite sample treated at 1350°C for 1 h are reported in Fig. 3.20 (fracture
surface). At a lower magnification level, a quite homogeneous structure could be observed,
with no evident big defects such as macro-cracks or pores. At higher magnification instead,
the material seems to be constituted by alternated compact regions, partially connected with
each other, and micro-voids. This structure should be associated with the pre-curing step
and the subsequent compaction phase. Pre-cured powders have a lower ability of producing
viscous flow under an applied stress: for this reason, uniaxial pressing process become a less
effective method to compact pre-cured powders if compared to un-cured powders, thus pro-
ducing residual voids that prevent the possibility of obtaining a fully-dense green compact.
However, it should be also noted that this lower compaction level could be another favor-
able factor for the realization of crack-free samples, since the residual pores network in the
green state could allow a more efficient and homogeneous elimination of gases during the
pyrolysis step, without local pressure accumulation phenomena and the subsequent cracking
generation that is typically observed in all PDCs.

In Fig. 3.21 a detail of the cordierite micro-structure could be observed. Dense regions
likely represent the original precursor powders that were previously sieved and compacted
by uniaxial pressing, which are still clearly separated one from each because of the less

efficient mechanism of viscous flow during the compaction step. On average, these regions
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are very compact and homogeneous, with the exception of some residual closed porosity
(with a mean pore size of 1 um) that could be clearly observed.

Figure 3.21: High magnification detail of a cordierite sample produced from a mixture of MK, H62C,
Al,O3 and MgO nanopowders, after heat treatment at 1300°C for 1 h.

Density measurements were carried out only on samples heat treated at 1300 and 1400°C.
Density for samples treated at lower temperatures were not considered, since pure cordierite
ceramics were synthesized only for temperatures >1300°C. A slight increase on the density
of the samples was observed changing the temperature from 1300 to 1400°C. Density values
are reported in Tab. 3.4.

Table 3.4: Bulk and relative density values for cordierite monoliths fired at 1300 and 1400°C for 1 h. A
theoretical density of cordierite equal to 2.65 g/cm3 was considered to calculate relative density values.

Treatment temperature (1 h soak) Bulk density (g/ cm®)  Relative density (%)
1300°C 2.01 76
1400°C 2.15 81

Biaxial strength values for low-porosity samples were measured by the Ball on 3-balls test
on circular specimens. Values obtained are in the order of 63 MPa for sample treated at
1400°C: these values are comparable to analogous cordierite commercial products'' with
similar density values and obtained by standard powder processing routes, again confirming
for the PDCs technique the extremely favorable combination of simple and quite inexpensive
processing and the possibility of obtaining near net-shape samples with good mechanical
properties (at least comparable to analogous commercial products). Moreover, additional
advantages in term of shaping possibilities (e.g. extrusion, injection molding) and specific
applications (e.g coatings, ceramic joining, highly-porous bodies) are possible thanks to the
presence of a polymeric phase inside the starting mixture, which are generally not achievable
with standard synthesis routes.

High-porosity cordierite components

As previously observed for highly-porous samples realized from preceramic polymers (by
the introduction of sacrificial filler, foaming agents or by self-foaming reactions'?'%), the
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pyrolysis of preceramic polymers, if sufficiently slow heating rates are used, does not show
problems related to extensive cracking of the samples, as it is always observed when trying
to realize low-porosity monoliths. The reason for this phenomenon is connected with the
low thickness of the pores walls (generally ranging from few pm to few hundreds of um),
which enables an efficient polymer pyrolysis and release of gaseous products without the
local accumulation of pressure that could generate a more or less extensive cracking, that
finally results in the destruction of the sample.

For this reason, contrarily to what observed for low-porosity cordierite samples where
no mechanical consistency was achieved (Section 3.3.4), the use of Silres MK as the only
silica source allowed the realization of porous cordierite samples with a much more limited
(although still visible) presence of cracks.

As a starting point, 2 different concentrations of PMMA micro-beads were tested. Weight
ratios of 80/20 and 70/30 (PMMA micro-beads/cordierite preceramic mixture) were selected.
SEM images of these 2 samples are reported in Fig. 3.22.

Figure 3.22: SEM images of 70/30 (top) and 80/20 (bottom) highly-porous cordierite samples pro-
duced by using PMMA micro-beads as sacrificial fillers (1300°C 1 h). ”70/30” and “80/20” refer to the
PMMA /cordierite preceramic mixture weight ratio before heat treatment.

As expected, a quite homogeneous pores distribution was achieved inside both the sam-
ples, with a mean pore size of approximately 50 pm, which is obviously directly connected
with the size distribution of the PMMA sacrificial fillers.

As could be observed, a change of the type of porosity is evident between the two samples:
in fact, while 70/30 sample shows a basically closed porosity (no “windows” are present in
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the pores walls), 80/20 samples is characterized by a more open porosity (windows in the
pores walls are clearly noticeable) and by the presence of more defects — such as cracks and
discontinuities — in the walls. These characteristics obviously generate a very low mechanical
consistency (sample could be easily cracked and pulverized), which hinders any possible
practical application.

With this procedure, dense and continuous struts are produced, as could be observed in
some details reported in Fig. 3.23. Moreover, in Fig. 3.23b it could be noted that cordierite
grains have a mean dimension in the order of 0.8 um, and that, in correspondence of some
areas, struts walls are just 1-grain thick.

Figure 3.23: Struts details of 70/30 highly-porous cordierite sample produced by using PMMA mi-
crobeads as sacrificial fillers (1300°C 1 h).

Based on these first results, a subsequent improvement step involved the substitution of
part of Silres MK with Silres H62C, that previously proved to be effective in enhancing the
mechanical consistency of both cordierite and zircon monoliths. In addition, an intermediate
concentration of PMMA micro-beads was adopted, i.e. 75/25 (PMMA micro-beads/cordierite
preceramic mixture). SEM results are reported in Fig. 3.24.

Contrarily to what observed for 80/20 and 70/30 samples obtained by using Silres MK
as the only silica source, where some limited sample cracking was observable, the partial
substitution of MK for H62C in sample 75/25 produced a more homogeneous sample, with
improved mechanical resistance and consistency, where no macro-cracks were observed.

The 75/25 concentration demonstrated to give a good combination of structural homo-
geneity (especially with regards to the distribution of pores inside the material) and type of
porosity. In fact, a mix of closed porosity and some clues for a certain fraction of open pores
was found from SEM analysis, which was not present, for example, in 70/30 sample, where
a virtually totally closed porosity was present. The level of porosity reached in 75/25 sample
probably represents the “threshold” between a material with a totally closed porosity and
a material were pores are all interconnected. In principle, this type of sample should show
a very good combination of lightness and thermal insulation, while maintaining a sufficient
mechanical strength.

Bulk density, relative density and crushing strength values for high-porosity samples are
reported in Tab. 3.5. Relative density values are in accordance with previous results on similar
foams produced by the pyrolysis of preceramic polymers'?, but with a higher mechanical
strength, associated probably with the crystalline nature of the cordierite foam, if compared
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Figure 3.24: a) low magnification and b) high magnification SEM images of a cordierite sample pro-
duced from a mixture of MK, H62C, Al0O3 and MgO nanopowders, filled with additional PMMA
micro-beads, after heat treatment at 1300°C for 1 h.

with the amorphous structure of the SiOC glass studied in .

In addition, if compared to similar works in literature'* regarding cordierite ceramics by
PDCs technique, present results show many improvements, regarding the micro-structural
homogeneity, continuity and integrity (especially at high-porosity levels) and mechanical
crushing strength (7.1 MPa with relative density=22.6% for present sample 70/30, vs. 4.8
MPa with relative density=26% of reference'*). This represents a further confirmation of
the extremely high potential of the PDCs technique, and also a demonstration that an accu-
rate selection of the starting materials and a careful control of the processing conditions are
fundamental for the obtainment of reliable materials to be applied in specific applications.

3.3.5 Conclusions

In this Section, results regarding the synthesis and the shaping of cordierite ceramics start-
ing from mixtures of preceramic polymers and nano-fillers have been presented. Synthesis
of cordierite was studied in the 1000-1400°C range: XRD results confirmed the possibility of
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Table 3.5: Bulk density, relative density and crushing strength values for highly-porous cordierite mono-
liths 80/20, 72/25 and 70/30 fired at 1300 for 1 h. A theoretical density of cordierite equal to 2.65 g/cm?
was considered to calculate relative density values.

Property Sample 80/20 Sample 75/25 Sample 70/30
Bulk density (g/cm?) 0.37+0.01 0.49+0.01 0.60£0.01
Relative density (%) 14.0 18.6 22.6
Crushing strength (MPa) 0.38+0.02 2.8£0.4 71+£1.6

producing highly-pure cordierite samples with no secondary phases or impurities. Moreover,
the nucleation of cordierite was observed for temperatures comparable to those observed for
analogous sol-gel derived systems, thus confirming the enhanced nucleation kinetic and re-
activity that could be achieved by coupling preceramic polymers and fillers with high specific
surface area.

The realization of monoliths with very different levels of porosity have been explored.
Near net shape low porosity samples showed a relative density of approximately 80%, with
mechanical properties comparable to analogous commercial products. They were easily pro-
duced by uniaxial pressing and with very fast (10°/min) heat treatments, which could rep-
resent a remarkable advantage in terms of industrial applicability. Highly porous samples
were instead realized by the addition of sacrificial fillers (PMMA micro-beads), which allows
the realization of monoliths with extremely low relative densities (~18%) and with a highly-
controllable size and distribution, as well as type (open or closed) and amount of porosity.

A wide variety of samples with relative density ranging from 18 to 80% could be in princi-
ple produced with this technique, in order to achieve the desired combination of thermal and
mechanical properties. Moreover, it should be pointed out that this technique could be easily
be extended to other ceramic system (some of them studied and described in the present
thesis, such as mullite-based materials or zircon ceramics).
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3.4 Yttrium silicates

3.4.1 Introduction

Yttrium monosilicate, YpO3-5i0, (referred as Y-MS), and yttrium disilicate, Y,03-25i0; (re-
ferred as Y-DS) are relatively new refractory silicates, and they are subjected to a growing
interest for materials suitable for high temperature applications'. Y-MS is characterized by
2 different allotropic forms (X1, stable at low temperatures, and X2, stable at higher temper-

atures), that can undergo displacive transformation?

. Y-DS instead show a more complex
phase diagram, with many different allotropic forms (e, B, v, etc.)®?; all the forms are stable
in a certain temperature range, but high temperature polymorphs may be available at room
temperature, due to extremely slow transformation kinetics. Both silicates feature high melt-
ing points (1775°C for disilicate®) and, above all, relatively low CTE and Young’s modulus
values (20 GPa®), leading to a good thermal shock resistance!. Moreover, their low volatility
in water vapor environment', low oxygen permeability and CTE values close to those of SiC
and SizNy (especially for the disilicate: Y-DS=4.84 -107°K~!; Y-MS=5-6-10"°K~!; SiC=4.3—
5.4-107°K~112), make this class of ceramics one of the best candidates for the realization
of EBCs to prevent SiC and Si3Ny severe corrosion and subsequent recession in combustion
environments /%7

In the following paragraphs, the synthesis of both Y-MS and Y-DS will be described, start-
ing from mixtures of a silicone resin filled with Y,O3 nanoparticles. Some experimental work
on the realization of EBCs (Environmental Barrier Coatings) of Y-DS (and zircon) on SiC sub-
strates will be presented, together with some preliminary results about their thermal stability
and ability to protect the substrate from oxidation.

The development of Environmental Barrier Coatings (EBCs) on carbides and nitrides has

810 Tt is well know that carbides

been object of intensive research during the last decades
and nitrides posses extraordinary thermo-mechanical properties (such as high hardness, me-
chanical strength, thermal stability and thermal shock resistance) that make them excellent
candidates for the realization of structural components for extremely demanding high tem-
perature applications. Beside their high costs of production (mainly related to the necessity
of adopting expensive densification technologies such as hot-pressing), their main drawback
is represented by their “non-oxide” nature: the presence of Si-C and Si-N bonds — instead
of the more stable 5i-O bond — make this class of materials susceptible to oxidation at high
temperature.

For silicon carbide, 2 different oxidation regimes could be discerned, often referred as
“active” and “passive” oxidation'! (a totally analogous discussion could be made for Si3Nj
ceramics). The most important factor in determining the oxidation regime is represented
by the oxygen partial pressure in the oxidative atmosphere. If oxygen partial pressure is
sufficiently high, the passive oxidation regime is active, and a layer of silica builds up on the
SiC surface (see Fig. 3.25), as schematized by the following reaction:

SiC + %Oz — Si0, + CO(?)

In this case, a parabolic oxidation trend in generally observed, as reported in Fig. 3.26.
On the other hand, a low oxygen partial pressure generates an active oxidation regime,
which rapidly destroys the material by the formation of volatile species CO and SiO, as
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Figure 3.25: Oversimplified representation of the silica layer formation on SiC substrates in a passive
oxidation regime.
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Figure 3.26: Typical parabolic oxidation (passive) kinetic for SiC substrates.

described below:
SiC + O, — SiO(1) + CO(1)

In this case, a linear oxidation trend is observed, since the oxygen of the atmosphere is always
directly in contact with the SiC substrate, and no protective layers could form on its surface.

It must be pointed out that, even in the case of a passive oxidation regime, despite the
formation, in principle, of a protective silica layer on SiC surface, the protection provided
could not be considered definitive, since different phenomena could progressively damage
the continuity of the protective layer (e.g. nucleation of crystalline phases, cracks generated
by the different CTE of SiC and SiO,). Moreover, in high temperature environments charac-
terized by the presence of high levels of humidity, the recession of the silica protective layer
is a well known phenomenon, which occurs following the reaction

SiO; + 2H,O0 — SI(OH)4(T)

From these considerations, it turns out that an effective protection of SiC substrates is nec-
essary to allow the utilization of this class of ceramics for prolonged times in demanding en-
vironments. The development of proper protective coatings is of fundamental importance to
better exploit the extraordinary thermo-mechanical properties of SiC (and carbides/nitrides
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in general) at high temperatures. The realization of oxide-based coatings seems to be a
promising approach for the protection of components of advanced machines such as gas
turbines.

When a material have to be selected for the protection of a specific substrate, different
aspects and parameter should be considered. First of all, the coating material must have
suitable properties of chemical resistance in aggressive environments, as well as a low oxygen
permeability. Secondly, coating material must possess a CTE as close as possible to the CTE
of the substrate, in order to minimize the formation of stresses during the thermal cycling
that could cause the generation of ruptures and delaminations. The coating material should
be thermally stable, and constituted by phases that are stable at the service temperatures, i.e.
do not undergo phase transformations in service. Finally, there should be a high chemical
compatibility between the coating material and the substrate, to avoid unwanted reactions at
the interface and to provide good adhesion properties.

Based on these considerations, different candidates could be selected for the realization of
protective coatings for SiC. Mullite and Y-silicates have been extensively studied during the
last years as potential candidates for the realization of protective coatings for SiC, Si3N4 and
C/SiC and C/C composites ">*7/1>715 ‘mainly because of their oxide-nature, their compatible
CTE and their low oxygen permeability. Among the different yttrium-silicates, the disilicate
form (Y-DS) is generally preferred for the coating of open-celled SiC foams, due to the lower
CTE mismatch with the substrate (if compared to the monosilicate).

Although less studied in previous work, zircon could be a good candidate as well, thanks
to its extremely low CTE, its thermal stability and high thermal shock resistance.

Besides this well known application, yttrium silicates have also been tested for the realiza-
tion of inorganic phosphors, thanks to the possibility of easily substituting Y*>* cations by
other rare-earth trivalent cations (e.g. Eu®t), thanks to the compatible cations radius. Inor-
ganic luminescent materials represent an extremely interesting class of substances that have
been attracting a lot of attention in the last century. Their first practical applications were
developed at the end of the 19th century, with the realization of gas discharges and electron
beams in evacuated gas tubes by Geissler and Braun, and the discovery of X-rays by Ront-
gen'®. Based on these first results, first luminescent devices were produced few years later,
i.e. cathode-ray tubes, fluorescent lamps and X-ray intensifying screens. Research on the
cathode-ray tube and on first phosphors led to the development of radar devices during the
World War II; other applications included the realization of fluorescent lamps for illumination
purposes and X-ray for medical imaging '©.

In the last decades,unbelievable improvements have been done on both the theoretical and
the application aspects regarding luminescent materials. Nowadays, luminescent materials
are the basis of all the displays for many different applications (e.g. televisions, radars, elec-
tron microscopes), as well as for illumination devices and X-ray intensifiers and scintillators.
The continuous research in this field led to noteworthy improvements on devices efficiency
and performances, such as reduced mercury adsorption in fluorescent lamps, contrast im-
provement in displays, and phosphors for LEDs devices.

A lot of research has been done for the synthesis and study on new fluorescent materials:
globally, tens of thousands of phosphors have been synthesized and characterized, but fac-
tors such as efficiency, emission color, decay time, quenching effects, chemical and physical
stability, reproducibility, availability of raw materials, environmental aspects and cost prices
dramatically reduced the number of useful materials to around 50'°.

In the present section, the synthesis of Y-MS:Eu®* phosphor from a preceramic polymer
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filled with oxide nanoparticles will be presented. Promising results will be discussed in the
next paragraphs, although still part of an ongoing work.

3.4.2 Experimental procedure

Yttrium-silicates synthesis studies were carried out on polysiloxane/Y,;0O3 nanopowders mix-
tures. 2 different formulations were produced, were Y,O3 nanopowders and silicone resin
were mixed in the proper proportions to give the formation of Y-MS and Y-DS. Dispersions
were realized in isopropyl alcohol, and homogenized by magnetic stirring and subsequent
ultrasonication. Dispersions were then poured inside large glass containers and solvent was
removed in oven at 60°C overnight. After solvent evaporation, the material obtained was
manually ground and heat treated in air in the 900-1500°C range for 1 h. The evolution of
the phases of the 2 systems was followed by XRD. For the realization of y-silicate phosphors,
Y-MS composition was considered. The formulation used for the synthesis of pure Y-MS was
modified, substituting part of Y,O3 nanopowders with EupO3; nanopowders (Cometox Srl,
Milan, Italy), in order to obtain the final composition Eug1Y19SiOs (5 mol% of Y3+ substi-
tuted by Eu®*). Powders were ground and heat treated in the 1100-1300°C range for 1-3 h.
For photoluminescence analysis, powders were finely ground and sieved (20 um) and dis-
persed in distilled water. The concentration of powders dispersed in water was kept constant
for all the samples, and dispersion were homogenized by ultrasonication immediately before
each measurements, in order to minimize possible sedimentation effects. Y-DS and zircon-
based coating were produced, on the basis of the promising results described in Section 3.4.3
(see below) and 3.2.3. Since the substrates to be coated, the selection process of the coating
formulations and the overall processing are essentially identical, experimental procedure and
results for both y-silicates and zircon coatings are discussed together.

Substrates to be protected are Si-SiC open-cell foams (silicon-infiltrated SiC, kindly pro-
vided by Erbicol SA, CH), produced by the replica technique from a SiC slurry, and then
infiltrated with metallic silicon in order to improve mechanical strength by providing den-
sification at relatively low temperatures. They were approximately 2x2x2 cm in size, with a
10 ppi (pores per inch) porosity. Their typical applications regard the field of porous heater
and porous burners, for both industrial and house equipments. They offer a wide range of
advantages — mainly in terms of combustion efficiency, stability, security and lower emis-
sions of uncombusted hydrocarbons (UHCs) and NO,, - if compared to traditional free-flame
burners.

Because of the peculiar morphology of these substrates, dip-coating technique was selected
for the deposition of relatively thick protective layers on the surface of the foams. Coatings
were produced by a dipping procedure in Y,O3/polysiloxane-based and ZrO, /polysiloxane-
based dispersions in isopropyl alcohol. Dip-coating, in principle, should allow an easy access
to the whole surface of the foam, thus obtaining an homogeneously distributed deposition
of material. On the contrary, common thermal/plasma spray deposition techniques are not
suitable, since the inner regions of the foams could not be easily reached by the stream of
heated particles.

To obtain dispersions stable during the time-frame of the deposition process, the effects of
both solid content and the addition of kaolin were investigated. The optimal solid content
of the dispersion was established to have the highest solid content inside the dispersion, but
without an excessive increase of viscosity. Washed-kaolin (Carlo Erba) was added as a stabi-

lizing agent. Kaolin demonstrated to be extremely effective as a stabilizing agent. Qualitative
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tests were done by measuring the time required to achieve a certain level of sedimentation.
From the results of these tests, a concentration of +10 wt% of kaolin (with respect to Silres
MK mass) was selected as concentration to be adopted. Analogous results (not reported here
for brevity) were also observed for ZrO,/polysiloxane dispersion. During the subsequent
heat treatments at high temperature, kaolin transforms into metakaolin around 550°C, and
subsequently into mullite and amorphous silica around 930°C. Silica generated by the decom-
position of kaolin was compensated by the introduction of a proper amount of extra Y,Oj3 (or
ZrO,, in the case of zircon coatings), for the formation of an extra amount of Y-DS (or zircon).

The introduction of secondary passive fillers was found to be necessary in order to limit the
shrinkage of the coatings during the polymer-to-ceramic conversion. Mullite was introduced
in the dispersions as a secondary passive filler for Y-DS coatings, while zircon acted as a
secondary passive filler for the realization of zircon coatings. For both systems, a quantity
of passive filler equal to 70 wt% was selected. Finally, in the light of the results obtained
in Section 3.2.3, in ZrO,/polysiloxane dispersions part of MK was substituted for H62C,
in order to have an equal amount of silica from both polymers upon pyrolysis, and TiO,
was added to promote zircon formation at temperature compatible with the stability of the
substrates to be coated (below the T, of metallic silicon, which is 1414°C).

Final mixtures selected for the realization of Y-DS-based and zircon-based coatings are
reported in Tab. 3.6 and Tab. 3.7.

Table 3.6: Formulation for the realization of Y-DS-based coatings on Si-SiC foams.

Component Content (wt%)
Silres MK 7
Y703 12
Kaolin 1
Mullite 13
Isopropyl alcohol (cc) 67

Table 3.7: Formulation for the realization of zircon-based coatings on Si-SiC foams.

Component Content (wt%)
Silres MK 3
Silres H62C 5
ZrO, 11
Kaolin 2
Zircon 12
TiO, 1
Isopropyl alcohol (cc) 66

Dispersions were maintained under magnetic stirring until immediately before the dipping
steps, in order to keep a constant dispersion homogeneity. Samples were put directly inside
the dispersion, maintained there for approximately 10 seconds and then removed slowly.
Immediately after sample extraction, a compressed air stream was used to removed the excess
of slurry from the foams, which have a strong tendency to be retained inside due to surface
tension effects. For the realization of sufficiently thick and homogeneous depositions, an
optimized multi-coating procedure was followed. It consisted of repeated steps of deposition,
solvent removal after deposition (made at 60°C for 5 min) and coating stabilization (made
at 260°C), in order to cross-link the polymeric phase and to “fix” the coating on the SiC
substrates. After this procedure, the final heat treatment was carried out in air with a 2°/min
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Figure 3.27: Diagram of the procedure of coating/heat treatment followed for the realization of Y-DS
and zircon coatings on Si-SiC foams.

heating rate. The overall procedure was repeated twice: the first time, 1250°C was selected
as the final treatment temperature, while the second time 1350°C was selected. A scheme of
the coating and heat treatment procedure is represented in Fig. 3.27,

3.4.3 Synthesis

XRD evolution of both Y-MS and Y-DS is reported in Fig. 3.28. At low temperatures (900°C),
the 2 systems are both constituted by amorphous SiO, (which could not be easily detected
by XRD analysis) and Y,O3, which is the only crystalline phase that could be detected.

For both systems, the first nucleation of Y-silicate phases is observed from 1000°C, although
the evolution of the 2 systems is quite different. As could be observed for the Y-MS in
Fig.3.28a, X1 phase forms at 1000°C(the low temperature form of Y-MS), and remains the
predominant phase until the X1—X2 transformation takes place between 1200 and 1300°C.
This transformation is virtually complete, and the reverse transformation upon cooling is not
observed. Some residual Y,Oj3, considering the overlapping of peaks, cannot be excluded
even at the highest temperatures; however, the pycnometric analysis of powdered samples
gave a density of 4.5340.01 g/cm?, very close to the theoretical value for yttrium monosilicate
(445 g/cm3)", therefore suggesting the presence of only a limited content of secondary
phases.

In the case of Y-DS instead (Fig.3.28b), a more complex reaction path was observed. Inter-
estingly, similarly to the Y-MS evolution, the first phase to nucleate is the low-temperature
form of the monosilicate, i.e. phase X1 at 1000°C. The first disilicate polymorph, i.e. o-
yttrium disilicate, appears at 1200°C. The low temperature x-phase is known to be obtained

1819 as previously shown for the synthesis of mul-

when starting from sol-gel formulations
lite 2021 the approach of “nano-filled silicones” is found to yield similar results than sol-gel,
but with a much simpler chemistry.

Interestingly, the presence of both monosilicate and disilicate phases was kept even at
higher temperatures, after polymorphic transformations: X2 monosilicate replaced X1 mono-
silicate at 1200-1300°C, while y-yttrium disilicate replaced x-phase at 1400°C. The develop-
ment of y-phase is particularly significant, since this is known as the most stable, and conse-
quently desirable, Y-DS polymorph®. Also in this case, due to the similarity of the measured
density with the theoretical value expected for Y-DS (4.15+0.01 g/cm® compared with 4.04
g/cm3*, the content of secondary phases is reputed to be quite limited.

The coexistence of both mono- and di-silicate even at the highest temperature tested could

be attribute to the presence of small quantities of residual SiO,-rich glassy phase, which could
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not be completely react with the Y-MS to give the formation of a fully Y-DS system.
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Figure 3.28: XRD patterns as a function of treatment temperature for Y-MS (a) and Y-DS (b).

3.4.4 Applications
Y-disilicate and zircon Environmental Barrier Coatings (EBCs)

Si-SiC foams after the procedure of material deposition and heat treatment are reported in
Fig. 3.29.

Oxidation tests on coated SiC foams consisted in measuring the weight increase of the
specimens after oxidation in air at 1200°C for a period of 5-100 hours?>?*. Generally, the
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Figure 3.29: From left to right: Si-SiC open-cell foams uncoated, zircon-coated and Y-DS-coated.

higher the weight increase, the higher the oxidation of the substrate, according reaction 3.2.

SIC + 20a(g) — SI0; + CO(1) (3.2)

First preliminary results (Fig. 3.30) showed a parabolic trend, which is characteristic of this
oxidation process, as previously mentioned. Weight increases are in the order of the 0.1-
0.5 wt%, and some differences are observable between Y-DS-coated foams and zircon-coated
foams. Based on the weight increases after oxidation, Y-DS appears to have a slightly better
protective behavior than zircon coating. Unfortunately, a direct comparison with analogous
results in literature is difficult to be done, since many different factors could directly modify
the results of this type of oxidation test. Besides the characteristics of the coating (materials,
thickness, continuity, deposition technique), the morphology of the substrates plays another
fundamental role, in particular its specific surface area. The particular morphology of the
substrates used during the present work make any comparison with previous works in liter-
ature meaningless.

In Fig. 3.31, a picture of all samples after the oxidation tests is reported. A slight change
of color of zircon-coated samples with increasing temperature could be observed, while the
aspect of the Y-DS coatings remains essentially unchanged.

SEM analysis of the surface and the cross-section of Y-DS- and of zircon-coated Si-SiC
substrates are reported in Fig. 3.32 and in Fig. 3.33, respectively. By looking at the SEM
images, it is clear that dense, pore-free coatings were not obtained, probably because of the
relatively low temperatures that were used for the ceramization, which were not sufficiently
high to give an effective sintering and densification of the coatings. It was observed that all
the macro-cracks that are clearly visible on the surface of the coatings belong, in most cases,
only to the outer (second) layer of the coating, while the first layer deposited (the one directly
in contact with the substrate) seems to be more continuous, and thus guarantees a higher
protection. This higher continuity should be attributed to the second deposition procedure,
which could effectively cover all the cracks that were generated on the first layer upon the first
pyrolysis. Anyway, these cracks — although not directly connecting the underlying substrates
with the oxidizing atmosphere, but possessing a more tortuous geometry — could strongly
limit the protective characteristics of the coating layer, since they represent a preferential path
for the oxygen to reach the SiC substrate susceptible to oxidation. From the cross-section
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Figure 3.30: Results of oxidation test on Si-SiC foams coated with Y-DS-based and zircon-based EBCs.
Oxidation test was carried out at 1200°C in air.

images, no evident delaminations between the substrate and the coatings could be observed,
which confirms both the effectiveness of the deposition methodology and the selection of the
proper material for the realization of the coatings. On average, coatings are 100um thick, and
they seem to adhere very well to the substrate. By looking at the Y-DS coatings (Fig. 3.32), no
significant changes on the layer morphology and continuity can be observed passing from 5 to
100 h of oxidation. Instead, zircon coatings (Fig. 3.33) seems to show a slight change of their
morphology: after an oxidation period of 100 h, grains seems to be slightly coarser, which is
instead not observable for Y-DS coatings, where the mean grain size seems to remain basically
unchanged. This coarsening phenomenon is apparently not accompanied by an increase of
continuity and densification. This fact could in part justify the lower protection that zircon-
based coatings offered to the SiC substrates, according to the weight increase measurements
reported in Fig. 3.30.

Red-emitting Y-MS:Eu®*

XRD results for Y-MS doped with Europium are reported in Fig. 3.34. Again, the X1—+X2
transformation is observed changing the firing temperature from 1200 to 1300°C, as pre-
viously described in the Synthesis section. No significant changes due to the presence of
EuyO3 could be observed. This fact confirms the very similar behavior of Y3+ and Eu®t
cations, because of both their identical valency inside the Y-MS crystal lattice, and their very
similar cationic radius (0.93 A for Y3 vs. 0.95 A for Eu®"). No significant changes were
observed in XRD analysis for prolonged (3 h) heat treatments.

A better evaluation of the system evolution could be obtained by considering the photolu-
minescence spectra reported in Fig. 3.35. As could be observed from the excitation spectrum
(Ae=614 nm), samples could be excited in the near-UV and in the blue-violet region, which
make this class of phosphors suitable for LED application, where luminescent media are cou-
pled with a source emitting in the near-UV. The strong emission at 614 nm is related to the
5Dy —7 F, transition of Eu®*.
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Figure 3.31: Un-coated (top row) and coated (Y-DS middle row, zircon bottom row) Si-SiC foams after
the oxidation test in air at 1200°C for 5, 10, 25, 50 and 100 h.

The lowest emission intensity is observed for samples fired at 1000°C (both 1 and 3 h), while
a noteworthy increase of the emission intensity is observed by increasing the temperature to
1200 and 1300°C. Although quite similar emission intensity are obtained for all the 1200
and 1300°C sample, it should be noted that samples fired for 3 h show a higher emission
intensity than samples fired for 1 h, despite of the firing temperature (1200 or 1300°C). Since
the only structural change that is observable is the X1—X2 transformation passing from 1200
to 1300°C, it could be concluded that the specific allotropic form of Y-MS has a little influence
on the emission intensity (even if X2 form has been recognized to be the most efficient phase
for emission??, and that other factors — above all, probably Eudt diffusion inside both the X1
and X2 forms — have a stronger importance in determining the final emission characteristic
of the material.

Finally, a photograph of synthesized powders is reported in Fig. 3.36, where a clear red
emission could be appreciated (A.;;=614 nm, A,x=400 nm).

3.4.5 Conclusions

In the present work, the synthesis of yttrium-silicates starting from polysiloxane/oxide nano-
particles mixture was described for the first time. Both the monosilicate (Y-MS) and the
disilicate (Y-DS) forms were successfully synthesized, achieving good levels of phase purity
by using simple processing conditions. 2 possible applications of this class of refractories
were tested. The first one regarded the possibility of producing y-silicate coating for SiC-
based substrates, as protective layer against oxidation in high temperature environments.
Analogous experiments also involved zircon-based protective coatings, in light of successful
results discussed in Section 3.2.3. From the preliminary oxidation tests, Y-DS coatings seem
to show the better performances in terms of protection against oxidation and stability of
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Figure 3.32: SEM images of Y-DS-based coatings, as prepared (0 h) and after oxidation (100 h) in air
at 1200°C. First and second columns show the surface of the coatings, while on the third column a
cross-section view of the coating (brighter areas) and the Si-SiC substrate (darker areas) is presented.

surface 3 ¢ . surface % cross-section

Figure 3.33: SEM images of zircon-based coatings, as prepared (0 h) and after oxidation (100 h) in air
at 1200°C. First and second columns show the surface of the coatings, while on the third column a
cross-section view of the coating (brighter areas) and the Si-SiC substrate (darker areas) is presented.
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Figure 3.34: XRD patterns of Y-MS:Eu®", with increasing ceramization temperature and time.

the coating, while slightly worse results were obtained with zircon-based coatings. Y-MS
system was instead exploited for the realization of red-emitting phosphors, by substituting 5
mol% of Y3+ with Eu®*. Luminescence properties were studied as a function of the synthesis
temperature, and the highest emission intensities were observed for sample treated at high
temperature (1200-1300°C) for 3 h. These preliminary results are extremely promising, since
other trivalent rare earths cation could be, in principle, introduced inside Y-MS crystal lattice,

thus obtaining different emission wavelengths with the same host material.
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Figure 3.35: Excitation and emission spectra of Y-MS:Eu3*, with increasing ceramization temperature
and time.

Figure 3.36: Photograph of Red-emitting Eu*:Y-MS powder synthesized at 1300°C for 1 h. Agx=400

nm.
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3.5 Wollastonite

3.5.1 Introduction

Wollastonite is among the most established bioceramics. It is composed by an equimolar ratio
of calcium oxide and silica, thus giving the chemical composition CaO-5iO;, or CaSiO3. These
bioceramics have recently received great attention as hard tissue repairing material, because
they are biocompatible, bioactive and partially biodegradable, and release silicon and calcium
ions to the physiological environment, which are able to stimulate the production of bone
matrix . Different and sometimes quite complex techniques have been proposed during the
years for the synthesis of wollastonite, such as sol-gel processing®, spark plasma sintering*~/,
solution combustion processes® and devitrification of glass”'’. Difficulties in the synthesis
of pure wollastonite are mainly connected with its poor solid state sinterability*.

The present research activity focused on the possibility of exploiting the potentialities of the
polymer-derived-ceramics route as an alternative method for the realization of wollastonite
porous monoliths, by pyrolysis in oxidizing atmosphere of silicone resins (acting as a silica
source) filled with CaCOs fillers. Results previously published were considered as a starting
point for the present work!'!. Further attempts to increase system purity will be described,
as well as alternative shaping methodologies (extrusion assisted by supercritical CO,) for the
realization of porous ceramic bodies for bone tissue engineering.

3.5.2 Experimental procedure

As a starting point, a synthesis study was carried out by realizing mixtures of silicone resin
(Silres MK) and CaCO3, using isopropyl alcohol as dispersing medium. The effect of both
micro-CaCOj3; and nano-CaCO; fillers were investigated, in order analyze the "size effect” of
the fillers on the general reactivity of the system, which has been demonstrated to be strongly
influenced by the characteristics of the filler introduced. To produce the mixtures, silicone
resin was supposed to convert, upon pyrolysis in oxidative atmosphere (air), into a pure
amorphous silica matrix, which was assumed to completely react with the filler particles to
give the formation of the desired phase. Heat treatments were carried out at 900°C, with
a soak time of 1 h. After heat treatment, samples were analyzed by means of XRD (X-ray
Diffraction), in order to study the evolution of the phases present.

After the analysis of the synthesis results, an alternative mixing procedure was tested,
which could represent a combined mixing/shaping methodology for an industrial applica-
tion of preceramic polymer-based mixtures. Silres MK was mixed with micro-sized CaCOs3,
by means of a twin screw extruder (24 mm screw diameter, length/diameter ration=40:1,
Thermo Prism Ltd, Stone, United Kingdom). The extrusion process was assisted by super-
critical carbon dioxide, kept at a pressure >7.4 MPa and a temperature of 35°C. Almost
cylindrical long rods (length of about 100 mm) with a diameter of about 15 mm were pro-
duced by this process. Rod fragments were subjected to heat treatment at 900°C, for 1 h,
with 2°/min heating rate. Due to their high volatility and the relative high quantities of
raw materials needed, CaCO3 nanopowders were not used for extrusion experiments, and
only micrometric powders were selected. Again, XRD analysis was done on pulverized sam-
ples, and results were compared with those obtained by the realization of polymer-+fillers
dispersions in isopropyl alcohol.

Secondary shaping experiments concerned CaCOs-filled silicone powders, obtained by

finely grinding, by means of a ball mill (60 min at 450 rpm), the above mentioned extru-
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dates. The obtained powders, sieved to a dimension below 100 um, were processed by cold
pressing, or by warm pressing, with or without addition of PMMA micro-beads having a
diameter of 150 pm. The micro-beads, when adopted, were homogeneously mixed with
CaCOg-filled silicone powders by a short run (10 min) in ball mill. Processing conditions for
all the samples are resumed in Tab. 3.8. Some samples were subjected to a low temperature
treatment at 300°C for 1 h, with a heating rate of 1°/min.

3.5.3 Synthesis

In Fig. 3.37 the most significant synthesis results are reported. XRD patterns a), b) and c) refer
to silicone resin mixed with micro-CaCQOj3, nano-CaCO3 and micro-CaCQOj3 in an extruder,
respectively.

By the realization of dispersions using isopropyl alcohol as dispersing medium, when
micro-CaCO3; was used, beside the presence of CaSiOs, di-calcium silicate, 2CaO-SiO, (”lar-
nite”, often referred as C;S) could be detected after heat treatment (Fig. 3.37a). Nano-sized
CaCO;s (Fig. 3.37b) instead has beneficial effects on the purity of the system, since C,S phase
is strongly reduced, and a basically pure wollastonite system was achieved. This effect could
be apparently attributed to the above mentioned “nano-size effect”: powders with smaller
size and higher surface area could increase both the homogeneity and the reactivity of the
system. However, by looking at patter c) it could be observed that a change in the processing
conditions (i.e. mixing of raw materials) a dramatical increase of the phase purity could be
achieved as well. This could be justified by considering that the presence of C,S should be
associated not to the presence of micron-sized CaCO; fillers, but instead to possible sedimen-
tation of the micro-fillers that could happen when low-viscosity dispersions are produced. In
the case of extrusion, the continuous and vigorous mixing action of the extruder strongly lim-
its this phenomenon, and high-purity wollastonite ceramics could be easily produced after
pyrolysis of the extruded materials, even when micron-sized CaCOs is used as CaO source.

3.5.4 Applications
High-porosity wollastonite components

As a first step, experimental work regarded the possibility of obtaining wollastonite mono-
liths by the direct pyrolysis of extruded rods. Heat treatment at 900°C for 1 h were carried out
with an increasing rate of 2°/min. SEM results are reported in Fig. 3.38. In the un-pyrolyzed
state (Fig. 3.38a), materials are extremely homogeneous, with no evidents defects such as
cracks or macro-pores. Only micro-pores could be observed by SEM analysis, which are
likely generated by supercritical CO; introduced during the mixing process. After ceramiza-
tion (Fig. 3.38b,c), the generation of macro-pores surrounded by a micro-porous matrix is
observed: the macro-porosity is likely generated by the coalescence of CO; micro-bubbles,
although the additional contribution could be generated by the decomposition of CaCOj3 at
higher temperatures, with the consequent release of additional CO;. Many cracks are gener-
ated upon pyrolysis, which strongly limits the mechanical properties of these monoliths.

Extrudates were subsequently pulverized and re-shaped by 2 different methodologies. Be-
fore the shaping step, for some samples some PMMA micro-beads were mixed together with
the preceramic powders. The processing conditions of samples produce are resumed in Tab.
3.8.
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Figure 3.37: XRD patterns of ceramic samples from the heat treatment of MK and CaCO; fillers: a)
micro-CaCO3; /MK mixture; b) nano-CaCO3/MK mixture; c) micro-CaCO3/MK mixture after super-
critical CO;-assisted extrusion.

Table 3.8: Summary of experimental conditions for the preparation of ceramic foams.

Sample PMMA content Shaping conditions Treatment before ceramization
Type Pressure/Time Temperature

A 0 Powders distributed in Al mold / Tomp 300°C/1h

B 20 Powders distributed in Al mold / Tomp none

D 20 Warm pressing 20 MPa/5 min 170°C 300°C/1h

E 20 Extended warm pressing 2 MPa/30 min 170°C 300°C/1h

The first shaping methodology consisted in simply pouring a proper amount of powders
inside an aluminum mold (about 2/3 of mold capacity), and in distributing them homoge-
neously inside the container. After this simple operation, molds were put in the furnace
and heat treated at 300°C for 1 h, with an increasing rate of 1°/min. During this step, 2
distinct processes take place on the samples, which consist in a coalescence of the powders
(by a progressive lowering of the viscosity of the system as the temperature increases) and
the coalescence of the CO, micro-bubbles trapped inside the particles. It is reasonable to
assume that these two processes are simultaneously active, since they are likely connected
with the decrease of viscosity of the system observed during heating. Considering that the
Ty of silicone is approximately 60°C, it reasonable to assume that first rearrangements start
to be active well below 100°C. During this treatment, when present, the PMMA decomposes
and is eliminated as well, producing an additional amount of porosity.

After this heat treatment at 300°C, materials were removed from the aluminum molds and
subsequently ceramized at 900°C for 1 h. No evident changes in their shape as well as in
their pore size, shape and distribution were observed after ceramization, which indicates
that the final samples characteristics depend exclusively on the processing conditions at low
temperatures, and that no further modifications of the morphology are possible at higher
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Figure 3.38: Microstructural details of directly ceramized extruded silicone/micro-CaCO3 mixture: a)
cross-section of an as-produced rod (before heat treatment at 900°C); b) low magnification image of the
same sample after ceramization; c) high magnification image, after ceramization.

temperatures. Samples before and after ceramization are reported in Fig. 3.39 (without
PMMA) and Fig. 3.40 (with PMMA).

Before ceramization After ceramization

Figure 3.39: Sample A, treated at 300°C (before ceramization) and after ceramization at 900°C.

In both samples, an open porosity was observed, with a good level of interconnections
that are beneficial for applications in bone tissue engineering'>!'®. It was observed that the
presence of PMMA micro-beads can have beneficial effects in terms of sample integrity: no
evident macro and micro-cracks are observed, which are instead present in the sample which
does not contain PMMA micro-beads. The presence of additional porosity generated by the
elimination of PMMA could have beneficial effects during the pyrolysis step, when gases
have to be efficiently released to minimize localized increase of pressure.

Moreover, sample containing PMMA seems to have slightly smaller pores, which could be
consistent with a higher viscosity (and, consequently, a lower coarsening of pores) due to
the presence of an additional solid filler. Some inhomogeneities of mean pores size could be
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Before ceramization After ceramization

Figure 3.40: Sample B, treated at 300°C (before ceramization) and after ceramization at 900°C.

noted, since pores seem to be slightly bigger in the core of the samples and slightly smaller
in the outer regions.

The second shaping methodology (samples C and D) consisted in the compaction of pre-
ceramic powders by warm pressing. 2 different warm pressing cycles were tested: while
temperature and pressure were kept constant at 170°C and 20 MPa, soak time was varied
between 5 (sample C) and 30 (sample D) min. Higher soak times entail a higher level of
cross-linking of the polymeric phase, which in turn entail a higher viscosity. Warm-pressed
samples were then heat treated at 300°C for 1 h (1°/min), and then ceramized at 900°C for 1
h (2°/min).

Results after ceramization are reported in Fig. 3.41. Also in this case, the generation of
porosity is associated with the treatment at low temperatures by the mechanism discussed
before, while no significant changes are observed after the ceramization at 900°C. A high
level of interconnections is present also in this case, and a more homogeneous distribution
of porosity in the sample was observed, with the mean pores size basically constant over all
the area of the samples. The main difference between the two samples consists in a smaller
pore size for sample D, if compared to sample C. This is, again, consistent with the fact that
a higher viscosity during the coalescence of CO; bubbles limits their growth.

In Tab. 3.9 the relative density, porosity and crushing strength of the final ceramics are
reported. Samples A and B show a basically identical relative density, and thus porosity
content. However, crushing strength values are quite different, with strength of sample B
being twice the strength of sample A. This different strength should be associated with a
higher quantity of crack inside sample A, as previously discussed. Since density values are
basically identical, no significant changes are observed by looking at the specific crushing
strength values.

Sample C and D show basically identical strength values, which are higher than values
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Figure 3.41: Sample C and D after ceramization at 900°C.

obtained for samples A and B. This difference should be directly correlated with the differ-
ent shaping conditions, and the more regular structure that could be generated. Moreover,
sample C show a higher specific crushing strength than sample D, due to its lower density.
The strength of samples C and D is high enough for bone tissue applications®. If we look
at the specific compressive strength (Tab. 3.9), the values are within those of natural cellu-
lar materials®, even if further improvements are required to approach values of cancellous
bone (specific strength above 10 MPa-cm®/g). The different structures available depending
on the secondary treatment, applied to powdered extrudates, undoubtedly ensures a signifi-
cant “tunability” of ceramic foams to particular applications. Moreover, infiltration of micro-
porosity with organic polymers and/or drugs could provide both mechanical reinforcement
and modulation of bioactivity”.

Table 3.9: Density/strength correlation in the investigated ceramic foams.

Sample Bulk density (g/cm®) Porosity (%) Crushing strength (MPa) Specific crushing strength (MPa-cm®/g)

A 0.50 80.9 0.45+0.08 0.9
B 0.49 81.3 0.82+0.20 1.67
C 0.52 80.2 1.331+0.44 2.56
D 0.63 76 1.26+0.27 2.00

3.5.5 Conclusions

Relatively pure wollastonite ceramics were obtained through the pyrolysis in air at 900°C of
polysiloxane/CaCOs3; mixtures. The effect of micro- and nano-CaCOj on the phase purity of
the final ceramic was investigated: it was observed that, when raw materials are dispersed
together in isopropyl alcohol as dispersing medium, best results are obtained by using nano-
sized fillers, due to a reduction of sedimentation effects, which are proportional to the mean
particle size of the filler. On the other hand, when the mixing of raw materials was carried
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out in an extruder (using supercritical CO; as solvent), high purity ceramics were obtained
even by using micro-CaCQOj3. After heat treatment, extruded rods showed evident micro and
macro-cracks, which are detrimental for the final mechanical properties. The extruded ma-
terial was then pulverized and re-formed by 2 alternative methods, with and without the
introduction of PMMA micro-beads as sacrificial fillers. Promising results were obtained in
both cases, with the development of an homogeneous porosity characterized by an intercon-
nected network, which represent a promising result for the development of biocompatible

and bioactive bone implants.
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Chapter 4

SiAlION ceramics

4.1 Introduction

Sialon ceramics represent an outstanding class of materials for a wide range of high tem-
perature structural applications. Since their discovery, a significant progress has been made
concerning the understanding of their crystal structure, their microstructure and the techno-
logical aspects and issues regarding their processing. The most important Sialons, i.e. «’- and
[3’-sialon, are well known to be isostructural with «- and 3-S5i3N4. Compared to the nitrides,
the Sialons generally show slightly lower mechanical properties, but also much higher sin-
terability, oxidation and corrosion resistance, so that they have been recognized as extremely
important and promising ceramics for applications such as cutting tools, metal forming tools,
molten metal handling and other high temperature structural parts'?>. Moreover, in recent
years a great effort has been devoted to secondary, functional or “mixed” (structural and
functional) applications, such as phosphors and high strength translucent materials>=.

Sialons were discovered in the early '70s indipendently by Jack and Wilson in the UK” and
Osana et al. in Japan, as a consequence of experiments focused on solving the problem of
SizNy densification.

SizNy shows excellent mechanical properties, a very low CTE and high chemical resistance,
which made Si3Ny-based ceramics extremely important candidates for high-temperature
structural applications. The first example of SizN4 components was “Reaction-bonded sil-
icon nitride” (RBSN), obtained through a nitridation treatment of compacted silicon powders
in the 1100-1450°C temperature range. The major obstacle against this synthesis route was
represented by the high residual porosity that characterized the final ceramics (around 30%),
which limited mechanical strength of the final components to about 250 MPa®. Alternatively,
SizNy could be produced by carbothermal reduction and nitridation of SiO,. Other syn-
thesis routes comprise gaseous-phase reaction of SiHy and NHj (which has some problems
over the stoichiometry control) and, above all, reaction between ammonium tetrachloride and
ammonia, which could give highly-pure Si3sN4 powders through the following reaction:

3SiCly + 4NH3 — SizNy + 12HCI

In this case, final calcination temperature determines the predominant allotropic form of
Si3Ny: «-Si3Ny equiaxed grains are produced at 1420°C, while elongated (3-Si3N,; whiskers
are synthesized for T>1460°C. x-Si3sN4 and 3-SisNy4 are both hexagonal, and constituted by
SN tetrahedrons connected by the nitrogen atoms on their vertexes, in such a way that every
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nitrogen atom is shared between 3 tetrahedrons. The « — {3 transformation is reconstructive,
and is possible when the Si3Ny is in contact with a liquid phase in the grain boundaries. This
phenomenon could be observed at temperatures higher than 1400°C, and is due to the higher
chemical stability of the 3-phase, if compared to the x-phase.

SizNy sintering shows intrinsic difficulties, mainly because of the very high Si-N bond
energy: this characteristic is the main reason for their outstanding mechanical properties
such as mechanical strength and hardness, but represents also their main limitation, since
it strongly suppresses diffusion processes. The high treatment temperatures necessary to
increase Si3sN4 densification are close to the dissociation temperature of SizNy (T>1850°C),
through the reaction reported below:

SisNg; — 35i + N,

An important breakthrough was represented by “Hot-pressed silicon nitride” (HPSN), when
it was possible to fully densify Si3Ny by the addition of MgO as sintering aid. The main limi-
tation of HPSN is represented by the extremely limited shaping possibilities that characterize
the hot-press technology®. Other fundamental improvements — that led to the realization of
the first SisN4 gas turbines — were achieved by a more deep comprehension of the densifi-
cation mechanism of SizNy through the insertion of sintering aids, and with the consequent
development of the so-called “Sintered silicon nitride” (SSN), ”Sintered reaction bonded sil-
icon nitride” (SRBSN), “Hot isostatically pressed silicon nitride” (HIPSN), and finally solid
solutions of Si3Ny with Al,O3, generally referred as "Sialons" . Some properties of commer-
cial S5i3Ny products are reported in Tab. 4.1.
To summarize, the main advantages of SisN4 ceramics are:

* Relatively low cost and much lower density if compared to super-alloys
¢ High mechanical strength at high temperatures

* Low friction coefficient and wear resistance

* High chemical resistance

¢ High thermal shock and fatigue resistance

* Non-wettability by molten metals

These properties make Si3Ny ceramics suitable for molten metal processing, application
as blades for gas turbines, high temperature bearings, and many others demanding high-
temperature applications.

Table 4.1: Properties of commercially available Si3N, products.

Properties RBSN SSN  HIPSN
Density (g/cm?) 2.7 33 3.3
Young’s modulus (GPa) 200 300 300
Modulus of rupture (MPa) 300 900 900
Kic 2 6.5 6.5
Weibull modulus 10 13 >20
Hardness (GPa) 9-13 15-18 16-20
Thermal conductivity (W/mK) 10 33 33
Coefficient of thermal expansion 3.1 3.1 3.1
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The discovery of an alloy of SizN4 with Al and O with similar thermo-mechanical prop-
erties and much better densification behavior — good enough to obtain fully dense sample
by pressure-less sintering, with the introduction of sintering aid such as Y,O3; — represented
one of the biggest breakthrough of the world of structural ceramics. Since then, considerable
progresses have been made concerning the understanding of their crystal structure, their
microstructure and all the technological aspects related to their processing.

Among all the different phases present in the Si-Al-O-N system, o~ and f3’-sialon (which
are isostructural with «- and -SizNy, respectively) are surely the most technologically rele-
vant forms. Both «’- and (3’- forms generally show slightly lower mechanical properties (in
terms of hardness and strength) than the related - and (3-SizN4 forms, but their much higher
sinterability, oxidation and corrosion resistance have made them one of the most important
and promising ceramics for extremely demanding applications such as cutting tools, metal
forming tools, molten metal handling and other high temperature structural parts .

Similarly to (3-Si3sNy, P’-sialons generally exhibit very high toughness values (up to 8
MPa-m??), thanks to the development of a self-reinforced interlocking microstructures with
both equiaxed and elongated grains. The typical microstructure of 3’-sialon is reported in
Fig. 4.1b. p’-sialon has the general formula Sig_,Al,O,Ng_,, where z represents the num-
ber of Si-N bond replaced by Al-O bonds. This type of substitution does not affect charge
neutrality, and thanks to the very close bond lengths (1.74 and 1.75 A for Si-N and Al-O, re-
spectively), high levels of substitution can be achieved (z=0-4.2)*'". This fact encouraged the
development of production methods alternative to the most common and well established
one, i.e. reaction sintering of Si3Ny, Al,O3 and AIN mixtures 112, starting from carbothermal
reduction/nitridation (CNR) of SiO, and Al,O3; mixtures of natural alumino-silicates (e.g.
mullite, sillimanite or kaolin) '>. CNR is also at the basis also of the synthesis of Sialon from
other starting materials, such as fly ash and gels (from sol-gel processing) %!,

On the contrary, o-sialons are generally characterized by extremely high hardness values.
They generally exhibit an equiaxed microstructure, which entails lower toughness values
(2-3 MPa-m??), although recently the possibility of producing self-reinforced «’-sialon mi-
crostructures, similar to those characteristic of 3’-sialons, with Kjc up to ~7 MPa-m®> have
been demonstrated. The typical equiaxed microstructure of «’-sialon is reported in Fig. 4.1a.
Their general formula is M,;, /5,512 —n ALy +1OnN16_p, where (m+n) Si-N bonds are replaced
by m Al-N bonds and n Al-O bonds. Since every Si-N— AI-N substitution introduces a neg-
ative charge inside the crystal lattice, m/v M atoms (v=M valency) must be introduced in
interstitial positions to re-establish the electroneutrality (M=Li, Mg, Ca, Y, and most of the
rare-earths series elements).

The complexity of the Si-Al-O-N system, where many important different crystalline phase
have been recognized, make the representation of this ceramic system is not trivial. As a
starting point, this 4-component system could be represented by the tetrahedron reported in
Fig. 4.2.

Assuming that the 4 constituting elements must combine with each other maintaining their
accepted valencies SitV, AT, O, Ny, one degree of freedom could then be eliminated,
and it could be demonstrated that all the possible phases are located inside the irregular
quadrilater with SizgNy, SiO,, Al,O3 and AIN at its corners (see Fig. 4.2). Finally, this irregular
quadrilater could be ”stretched” and transformed into a square with SizNy, 3-5i0;, 2:-Al,O3
and 4-AlN at its corners, thus obtaining what is for certain the most utilized and reported
phase diagram of sialon ceramics (Fig. 4.3).

Inside this diagram, f’-sialon is surely the most technologically relevant phase, although
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s

Figure 4.1: a) Y:«’-sialon equiaxed microstructure (hot-pressed at 1800°C for 1 h) and b) [3’-sialon
microstructure with elongated grains (hot-pressed at 1800°C for 30 min).

Figure 4.2: Si-Al-O-N system tetrahedron representation®.
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Figure 4.3: Quaternary Si3N4-AIN-Al,O3- systemg.

other important phases are worth noting, such as X-sialon (general formula 3(3A1,O3 - 25i0,)-
25i3Ny, isomorphic to mullite, and for this reason often referred as “nitrogen-mullite”), O’-
sialon (Sip—yAlyO1,Ny_, isostructural with the silicon-oxynitride Si)N»O, with x=0-2) and
the AIN polytypes, isostructural forms of AIN, generally denoted as 15R (the most frequently
observed), 8H, 12H, 21R and 27R. "R” refers to a rhombohedral structure, while “"H” refers

to an hexagonal structure®

. O’-sialon, analogously to 3’-sialon and (3-Si3N4, presents an
acicular microstructure, which could have beneficial effects on the toughness of the ceramic.
Its oxidation resistance is higher than other sialon phases, due to the already relatively high
oxygen content inside its structure. X-sialon attracts a lower interest, mainly because of its
high oxygen content.

Since this diagram was derived from the quaternary Si-Al-O-N system, «’-sialon phase,
which is a 5-elements phase, is absent in Fig. 4.3. Another dimension must be then introduced
in the phase diagram in order to take into account the stabilizing element M, thus obtaining
what is called the Janecke prism (Fig. 4.4).

Inside the Janecke prism, the plane delimited by Si3Ny, 4/3(AIN-Al,O3) and MN-3AIN is
what is usually referred as the a-plane, whithin which the «’-sialon stability region lies (Fig.
4.5). Several studies in literature have demonstrated that the x-stability region is not fixed,
but can extend or shrink as a function of both temperature and the stabilizing element M 7.

Nano-crystalline ceramics have attracted great interest in the last few years, because of their

improved mechanical characteristics '%2!

. With traditional powder processing, sub-micron
sialon grains are generally not achievable, because their dimensions are limited by the char-
acteristics of the starting raw materials (in particular, Si3Ny); an exception being represented

by high-energy milling process followed by the novel, but still expensive and not so versatile,
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SPS (Spark Plasma Sintering) 22 So far, the sol-gel route seemed to be the only method which
could provide submicron sialon grains?’. In addition to sol-gel route, the Polymer Derived
Ceramics (PDCs) route has been proven to be an extremely effective and versatile alternative
technique for the production of fine-grained ceramics. It is comparable to the sol-gel route in
terms of its kinetics, and allows a much simpler processing and shaping because of the poly-
meric nature of the precursor524‘26. Very limited research, however, has been dedicated to
the production of Sialon ceramics from preceramic polymers. Previous studies !>’ dealt with
chemically modified polymeric precursors, whereas more recent investigation were dedicated
to polymers containing micro- and nano-sized filler particles?*".

In the present work, further developments in the preceramic polymers filled with oxide
nano-particles approach for the synthesis and the application of sialon ceramics will be pre-
sented. In the previous paper on Sialons?® this approach was applied to the ceramic residue
of silicones in nitrogen, possessing a SiOC composition; 3’-sialon was effectively obtained,
but with a remarkable presence of contaminants, associated to the high oxygen content, which
is a common characteristic of many oxygen-rich starting mixtures (which comprises basically
all the techniques described above with the exception of powder sintering). At low tem-
perature, the formation of alumino-silicate phases (such as mullite and sillimanite) from the
reaction of Al,Os; with SiO, is firstly observed, when they are not already present in the
starting raw materials mixture. A progressive reduction-nitridation of these intermediates
then follows when heating in nitrogen gas at temperatures in the range 1400 to 1800°C 14!,
leading to the formation of the desired (3’-sialon phase. At these temperatures, however, un-
desired reactions like the volatilization of silica (SiO,+C— SiO(1)+CO(1)) are well known to
occur®?, and this could have detrimental effects on the control of the stoichiometry and phase
purity of the final ceramic.

Further developments on the siloxane-based system will be presented, in comparison to
previous works?®, by more carefully studying the effects of additives inthe starting mixtures,
as well as the treatment atmosphere.

Moreover, first results of silazane-based system, which has shown extremely interesting
and promising results. The novel approach here presented concerns the use of a ceramic
residue rich in Si and N, provided by silazane polymers, reacting with Al;O3; nano-sized
particles. As in the oxygen-rich formulation previously investigated when using silicone
preceramic polymers, the C content was found to be essential for the control of the phase
purity. Its control was achieved by adjusting the carbothermal reaction with the oxide filler
by modifying the temperature and oxide content of the mixture, but also by adding a fully in-
organic polymer (perhydropolysilazane, PHPS), not containing carbon-based moieties, which
provided, after heat treatment in Ny, a ceramic residue in the Si-N system 33,
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4.2 SiAlON from silicone-based dispersions

421 Experimental procedure

Polymer selected for these experiments was Silres H44. As reported in the Appendix A, H44
is characterized by both methyl and phenyl side-groups. The presence of organic groups of
different nature has a strong influence on the final carbon content on the ceramic residue after
pyrolysis when non-oxidizing atmospheres are used. It has been demonstrated in previous
studies that, after pyrolysis in inert atmosphere, H44 produces an Si-O-C ceramic residue with
atomic proportions reported in Tab.4.23*. For comparison purpose, elemental composition
of Silres MK (methyl-polysiloxane) is reported. As could be observed, while the atomic
proportions between silicon and oxygen are basically equal in the two polymers (since they
are mainly related to the chemistry of the main backbone, which is very similar), the carbon
content instead is much higher in H44 than in MK, because of the presence in H44 of phenyl
groups, which after pyrolysis generate a higher residual carbon content. These elemental
compositions were considered for the realization of the different formulations.

Table 4.2: Elemental composition of ceramics residue of Silres MK and Silres H44 after pyrolysis in inert
atmosphere at 1000°C>*.

Materials Polymer chemistry Ceramic composition after pyrolysis
Silres MK methyl polysiloxane Si30456C1.92
Silres H44 methylphenyl polysiloxane Si304,6Cs 45

As a source of Al,O3, Aeroxide Alu C nanopowders were selected. For formulations de-
signed to give sialon ceramics with a relatively low z-value (z=3), the introduction of some
Si3Ny nanopowders (GoodFellow amorphous Si3zN4) was necessary, in order to provide an
extra amount of nitrogen-containing phase. For some formulations, Y,03 nanopowders (In-
framat Advanced Materials), carbon black (Carlo Erba) and CaF, (Carlo Erba) powders were
added. Phenolic resin (Fenotec, Foseco) was also used as an alternative source of carbon:
TG/DTA analysis (data not reported here) in inert Argon atmosphere demonstrated that
phenolic resin provides a carbon residue with a yield of approximately 48 wt%.

All the components were dispersed in isopropyl alcohol, and homogenized by stirring
and ultrasonication. Isopropyl alcohol was selected as dispersing medium due to its ability
to both effectively dissolve all the poymers used during the experiments (Silres MK, H44
and phenolic resin) and to create stable fillers dispersions, at least for the timescale used
for the preparation of the formulations. For an optimal processing and dispersion of the
powders, approximately 10 ml of isopropyl alcohol were used for each gram of powders,
and intermediate steps of ultrasonication were applied after the insertion of each component.
Some difficulties where found only with the dispersion of Si3N4 nanopowders, likely due
to a different surface chemistry. Once homogenized, dispersions were poured into a large
glass container and treated at 60°C overnight to completely remove the solvent. After solvent
removal, the material obtained was finely ground and compacted by uniaxial pressing at 40
MPa, producing circular-shaped pellets of 20 mm diameter and approximately 2 mm height.
Pellets were then heat treated in a tube furnace in N (or, in some cases, in a N»/2% Hj
atmosphere). Temperature selected for experiments was 1500°C (boh, vedere alla fine in base
ai dati che si inseriscono).

The evolution of all the systems studied was mainly carried out by XRD analysis. As will be

observed, because of the general complexity of the phase assemblage in most of the samples,
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for a better comprehension and interpretation of XRD results, diffraction peaks in the figures
reported were not labeled singularly. Instead, for each XRD pattern, all identified phases are
briefly reported on the right side and all the reference patterns used for the identification are
reported at the bottom, each one with its ICDD number (also referred as PDF#).

4.2.2 Synthesis
H44/A1,03 formulations

For the first experiments for the synthesis of 3’-sialon samples from preceramic polymers
and fillers, 2 different compositions were selected, associated with 2 different z values. As
previously discussed in Section 4.1, z value — which indicates the level of substitution of Si-IN
bonds for A—O bonds inside the Si3Ny crystal lattice — has a range equal to 0—4.2. For the first
experiments, the following hypothetical primary reactions were considered for the formation
of 3’-sialon with z=3 (Eq.4.1.a) and z=4 (Eq.4.1.b). According to these 2 equations, 2 different
samples (labelled as “z3” and “z4"”) were prepared, with the respective formulations reported
in Tab. 4.3.

(Ll) Siz046Cg45 + 1,33 - SigNy + 3,15 - Al,O3 + 2,58 - Np —
2,1-SizAl303N5 + 0,7 -SiC+ 7,75 - CO 1)
(b) Si3046Cs45 +2,3 - AlyO3 +2,3 - Ny — '

1,15 - SipAl;O4N, + 0,7 - SiC + 0,85 - C + 0,69 - CO

As could be noticed, in both chemical reactions, the assumption that part of the silicon
and of the carbon of the ceramic residue could undergo a partial rearrangement to give the
formation of SiC was made. This assumption was made considering that a generic SiOC
glass, after pyrolysis in inert atmosphere at sufficiently high temperatures, could undergo
a more or less complete phase separation, with the formation of distinct crystalline phases
like SiO,, SiC and ”“free” carbon. It was then assumed that the carbon present in the silicon
carbide phase would not participate in the reduction reaction to give the formation of carbon
monoxide. As described by Sorarit et al.?”, the composition of a silicon oxycarbide glass
could be schematized as

Silicon oxycarbide = S5i05(1-x)Cx + YCiree 4.2)

where SiO;(;_,)Cx describes the amorphous silicon oxycarbide network and Cgree the free
carbon (carbon that is not bonded to silicon atoms). Moreover, SiO,(; _,)Cx can be rewritten
as

Si05(1—x)Cx = xSiC + (1 — x)SiO; (4.3)

Thus, the amount of SiC considered in Eq. 4.1.a and Eq. 4.1.b was calculated considering
Eq. 4.2 and Eq. 4.3, and the elemental composition of the ceramic residue of H44 after
pyrolysis reported in Tab. 4.2. As a final remark, it should be said that, although SiC-
rich areas are believed to be present in virtually all the materials synthesized (that will be
more accurately analyzed in the next paragraphs), it was difficult to clearly identify SiC
peaks in XRD patterns, probably because of possible reactions and structural rearrangements
involving silicon and carbon that limited its presence in the final materials, its small crystallite

size (due to the relatively low treatment temperatures) and, above all, the superimposition of
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diffraction peaks of other predominant phases.

Table 4.3: Formulations for z=3 and z=4 sialon compositions, based on Eq. 4.1.

Component Composition (wt%)

z3 z4
H44 37.8 56.8
Al,O3 39.3 43.2
SizNy 22.9 /

As could be observed, z4 composition (which practically represents the solubility limit of
aluminum and oxygen inside Si3Ny structure) was selected because in this final composition,
no additional starting materials beside the polysiloxane and Al,O3 nanopowders have to be
added. Instead, in the case of z3, Si3sN4 powder must be added for the obtainment of the right
nitrogen content inside the final material. As the source of alumina, y-Al;O3 nanopowders
(Aeroxide Alu C, Evonik Industries) were selected, while amorphous Si3zN; nanopowders
(Goodfellow) were selected for z3 sample.

As will be more clearly pointed out during the following discussion, the elimination
of oxygen through reduction reactions seems to be the most critical point associated with
polysiloxane-based formulations, which makes the synthesis of a pure (3"-sialon material not
trivial.

Silres H44 was selected for these first experiments, because of its higher residual carbon
content after pyrolysis, which is necessary for the reduction of the overall oxygen content
(through the formation of CO) and for the subsequent formation of (3’-sialon phase. First
of all, the oxygen present inside the SiOC ceramic residue should be, in principle, totally
removed, and substituted by nitrogen atoms from the atmosphere for the realization of a
SizNy4 matrix. Furthermore, also some of the oxygen introduced by the Al,Os filler should be
eliminated. In fact, as discussed in Section 4.1, 3’-sialon are generated by substituting Si-IN
bonds for Al-O bonds. Since Al,Os3 is here used as the source for Al-O, an excess of oxygen is
thus introduced, since oxygen content in Al,O3 is 50% higher than the stoichiometric quantity
required for the formation of 3’-sialon.

First results for both z3 and z4 formulations are reported in Fig. 4.6 and Fig. 4.7. For Fig.
4.6, samples were simply placed in an Al,O3 tray during the heat treatments in N, while
for Fig. 4.7 samples were placed on a thin layer of graphite distributed on the bottom of the
AlyOs tray, and then slightly covered by some extra graphite. This procedure was necessary
in order to provide a more reducing atmosphere during the treatments at high temperature,
and to analyze its effect on the composition of the final materials.

2 different behaviors were observed for the 2 different samples. With z3 formulation,
X-sialon and mullite are the main phases detected, while 3’-phase was observed but at
lower concentrations. Moreover, when this sample is placed in a graphite bed, no signifi-
cant changes in the phase assemblage are observed.

This phase assemblage observed is a good picture of the hypothesized global mechanism
for the formation of (3’-sialon, which is also confirmed by other works in literature concerning
the synthesis of sialon materials by the carbothermal reduction/ nitridation (CNR) of SiO,

)13

and Al,Os mixtures of natural alumino-silicates (e.g. mullite, sillimanite or kaolin) *°, or other

starting materials, such as fly ash or gels (from sol-gel processing) '+*°.
Typically, when oxygen-rich starting mixtures are used, a multi-step reaction sequence to-
wards the formation of sialon phases is observed. At low temperature, the formation of

alumino-silicate phases (such as mullite and sillimanite) from the reaction of Al,O3 with

126



H44/AIZO3 mixture

1500°C3 h
N, atmosphere

mullite

corundum

P'-sialon

15R polytype (traces)

z4

X-sialon
mullite
P'-sialon (traces)

corundum (traces)
z3

| | | | | B'—sialon (#076-0597)

| ..| w "“| L | .| |” “.II o X-sialon (#048-0637)

| | | | Corundum (#081-2267)

| Mullite (#083-1881)
1 L "

[
|||| ||| TN 15R polytype (#032-0026)
10 15 20 25 30 35 40 45 50

40 45 50 55 60
20 (°)

Figure 4.6: XRD patterns of z3 and z4 samples after heat treatment at 1500°C for 3 h in N, atmosphere.
On the bottom, reference patterns of all the phases identified are reported; on the right, phases detected
for each sample are listed.

5i0; is firstly observed, when they are not already present in the starting raw materials mix-
ture. A progressive reduction-nitridation of these intermediates then follows when heating
in nitrogen gas at temperatures in the 1400-1800°C range '“*!, leading to the formation of the
desired f3’-sialon phase.

Apparently, this behavior is present also in the polysiloxane-based mixtures: in the first
phases of the treatment, the SiOC ceramic residue reacts with the Al,O3; nanoparticles to
give the formation of alumino-silicates, i.e. mullite (3A1,03:2510;). According to previous
studies on similar systems based on polysiloxanes filled Al,O3 nanopowders®**, the nucle-
ation of mullite could take place at relatively low temperatures (above 1250°C), even when
non-oxidizing atmospheres are used. It is then reasonable to assume that also in the present
study mullite is the first phase to nucleate at relatively low temperatures. The nucleation of
mullite seems to have a detrimental effect towards the formation of sialon phases: most of
the silica and the Al,O3; — which are, respectively in an amorphous and quasi-amorphous
state (due to the very small crystallite dimensions of the Al,O3 grains) — quickly undergo a
structural rearrangement for the formation of a more stable crystalline phase, which is less
“inclined” to undergo the further reactions required for the formation of sialon phases, i.e.
oxygen reduction and nitrogen intake form the atmosphere. Subsequently, a carbothermal
reduction-nitridation (CRN) process takes place, with a reduction of the global oxygen con-
tent of the material (through the reaction of the carbon of the polymer residue with oxygen,
with the subsequent formation of CO); at the same time, a progressive nitrogen intake from
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Figure 4.7: FIGURE CAPTION

the atmosphere makes possible the formation of the first nitrogen-containing phase detected,
i.e. X-sialon (frequently referred also as "nitrogen-mullite”). At the end of the process, a fur-
ther nitrogen intake could finally produce the nucleation of 3’-sialon. It is then reasonable to
assume that in z3 sample, mullite, X-sialon and ’-sialon represent the early, the intermediate
and the final stage of the overall process, respectively.

However, it should be pointed out that this phase assemblage is a representation of the
global material composition, comprising of the outer shell and the inner core, which — as
will be shown below — have been demonstrated to differ from each other. In fact, as could
be easily observed by optical microscopy of the section of the sample (Fig. 4.9) and XRD
analysis (Fig. 4.8), compositional gradients are present inside the sample, which are mainly
related to the fact the the only nitrogen source for the formation of nitrogen-containing phases
(such as X-sialon and [3’-sialon) is the atmosphere inside the tube furnace. Nitrogen must
diffuse from the atmosphere inside the samples and, as a direct consequence for relatively
short treatments, its presence is lower in the inner core and higher in the outer shell, which
thus implies a higher content of 3’-sialon in the outer shell and at the same time a higher
presence of oxygen-rich, intermediate phases like mullite and X-sialon in the inner core. This
hypothesis is confirmed by XRD analysis: in Fig. 4.8 2 patterns of z3 sample are reported,
one acquired after grinding in the usual 6-26 configuration, and the other acquired before
grinding with the incident beam fixed at a 0.05° glancing angle. In the first case, diffraction
peaks are obviously related to the global composition of the sample. On the contrary, by
using a fixed 0.05° glancing angle, diffraction peaks observed are mainly related the the
surface layer of the sample. It could be easily observed that by using a 0.05° glancing angle,
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Figure 4.8: XRD patterns of z3 sample. “z3 global” pattern represents the global phase assemblage of
the sample, while ”z3 surface” is representative of the phase assemblage of the outer layer.

[’-sialon is the predominant phase, while with the usual 0-20 configuration, additional peaks
related to mullite and X-sialon are present with a higher intensity. In the cross-section image
(Fig. 4.9), a clear distinction between the darker, ’-sialon rich outer layer and the white,
mullite-rich inner core could be easily observed, thus confirming again the compositional
gradients issue related with the reaction with the atmosphere.

For z4 formulation, a different behavior was observed. Firstly, when no graphite-bed was
used, a slightly different phase assemblage was found if compared to z3 sample. Mullite is
still present, confirming the observation that the first reaction to take place in oxygen-rich
mixtures is, again, the reaction of silica with Al,O3 nanoparticles. No traces of X-phase
were detected in this sample. A clear explanation for the absence of this intermediate phase
(which was instead observed for z3 formulation) is not very clear. The formation of some
[’-sialon can also be observed, while remaining crystalline phases detected are corundum
and traces of 15R polytype (a Si-Al-O-N phase with the SiAl;O,N, general composition,
based on the AIN structure). The presence of a different phase assemblage, if compared to
z3 formulation, could be explained considering that 1) this mixture was formulated in order
to have a z-value equal to 4.0, which represents basically the substitution limit of Si-N for
Al-O, and 2) a concurrent, secondary reaction takes place during the heat treatments, which
must be taken into consideration: the carbothermal reduction of silica, often referred as "silica
volatilization".

The silica volatilization process could be briefly schematized by the following possible
reactions %%

SiO; + C — SiO(1) + CO(T) (4.4)
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" ————

Figure 4.9: a) Optical image of the cross section of sample z3 after heat treatment at 1500°C for 3 h. A
distinction between the (3’-sialon-rich shell (gray) and the oxygen-rich-core (white) is clearly visible; b)
detail at higher magnifications.
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Figure 4.10: TG/DTA analysis of z3 sample in N, atmosphere (fexothermic, |endothermic).

2510, + SiC —» 3Si0(1) + CO(1) (4.5)

In the presence of a non-oxidizing environment, the presence of a reducing agent like carbon
(or silicon carbide) could reduce the oxygen content of silica with the subsequent formation
of carbon monoxide, which is one of the reactions required for the realization of sialon phases
in this type of systems. The main problem associated with the reduction of silica is that the
silicon monoxide that forms upon this reaction is a volatile species, and, as a consequence,
a progressive loss of SiO; is observed. Clues of this ongoing concurrent process have been
found both in TG analysis (where a significant weight loss was observed for temperatures
higher than approximately 1300°C, see Fig. 4.10) and in the formation nearby the samples of
SiC nanowires, due to a further reaction of SiO with the embedding graphite (when used).
SiO could also be transported away from the sample by the gas flow, and react with N,
to form Si3N4 whiskers downstream on cooler parts pf furnace®. This process eventually
changes the global stoichiometry of the material, and strongly limits results reproducibility.
While the effects of this phenomenon in z3 formulation are less noticeable, the stoichiom-

130



etry change in z4 sample is quite evident: a lowering of the global silica content corresponds
to an increased alumina content, and thus a z-value higher than 4. Since 4 represents the
higher limit for Si-N— Al-O substitution, the nucleation of new aluminum-rich phases be-
side p’-sialon are expected. This is verified by the presence of both corundum (the more
stable allotropic form of Al,O3, a-Al,O3) and 15R polytype.

This stoichiometry change is even more evident by looking at Fig. 4.7, where a graphite
embedding powder was used. In this case the presence of a more reducing atmosphere seems
to push silica volatilization process almost to its completion: main crystalline phases detected
are corundum and AIN (totally silicon-free phases), and only traces of (3"-sialon and mullite
are detected.

Based on these first results, z4 formulation were discarded, since the yield of the desired
sialon phases was too low, and the proximity to the upper limit of the existence range of {3’-
sialon demonstrated to be disadvantageous when the concurrent process of silica volatiliza-

tion is active.

Influence of additives on H44/Al,03 system evolution

A new series of experiments was carried out, starting from first results of z3 formulation, in
order to improve different critical aspects that characterized first experiments, compositional
homogeneity and phase assemblage above all. Different combinations of Y,Os3, carbon black
and CaF, were used.

Y,03; was selected to promote densification as well as system homogeneity. Y,0; is a
well-known sintering aid used for sialon ceramics. It has been verified in many works in
literature that, in the case of synthesis of (’-sialon by common powder processing, small
amounts of Y03 added in the starting formulation (in the 1-3 wt% range) are able to provide
an intergranular glassy phase in the 2-6 vol% range. Even with only 1 wt% Y,0O3 added, 2
to 3 vol% of glassy phase could be found in the final materials (depending on the z-value).
It has been shown that the added Y,O3 reacts with the SiO, present and also with some if
the initially added Al,O3 , which explains why even small additions of an oxide like Y,O3
can initiate the formation of considerably greater amounts of glassy phase. For applications
at low or medium temperatures, a small addition of sintering aid has a positive influence on
the fracture toughness*’. The glassy grain boundary phase that forms is a preferred crack
path, and crack branching occurs, thereby increasing the fracture energy. For example, the
room-temperature toughness of a 3’-sialon ceramic is significantly increased by the addition

1.*1 who have

of 1 wt% Y,0O3. These results are in accordance with the findings of Tanaka et a
found that the fracture toughness is greatly dependent on the grain-boundary properties.
When the grain-boundary bonding is sufficiently strong, e.g. in the absence of a glassy grain-
boundary phase, cracks propagate transgranularly in the material and the toughness is low.
Instead, hot hardness and creep resistance are negatively influenced by the addition of even
small (1 wt%) amounts of Y,03 .

CaF, instead was selected as a nitridation aid. Evidences for an enhanced nitridation

4243 The mechanism of CaF,

process in the presence of CaF, were reported in references
is related to an enhanced break of the Si-O bond, which at the same time could become
available for the formation of Si-N bond by a nitrogen intake from the atmosphere. The same
effect was also observed with other fluorines (e.g. BaF,) or chlorines (e.g. CaCly, BaCly)*2.
Compositions with an over-stoichiometric carbon content were also tested, since it has

been demonstrated '>** that often the needed carbon content is usually 5-10% higher than
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the stoichiometric amount. It is believed that some of the excess carbon is necessary to
compensate for the impurities in the carbon and nitrogen.

All the different formulations are reported in Tab. 4.4. Additives additions were equal to
+3 wt% Y03 and +4 wt%CaF;, based on the total weight of H44+Al,03+5i3Ny4. For carbon
instead, +10 mol% was calculated with respect to the carbon content of the ceramic residue
of H44 reported in Tab. 4.2.

Table 4.4: Formulations produced with the addition of Y,Oj3, carbon and CaF;.

Component Composition (wt%)
z3  z3y z3ycl0 z3yclOcaf2

H44 378 367 362 34.9
AL O3 393 382 377 36.3
SizNy 229 222 219 21.1
Y,0; /29 29 2.8
Carbon / / 1.3 1.2
CaF, / / / 3.7

In Fig. 4.11 and Fig. 4.12 results for the same H44/Al,O3 mixture with z=3 are reported,
as a function of the additives inserted to enhance system evolution to the desired {3’-phase.
Again, parallel experiments were carried out on the same samples with (Fig. 4.12) and with-
out (Fig. 4.11) graphite as embedding powder. To simplify discussion, samples treated in a
graphite bed will be labelled as "sample_g” (e.g. z3y_g, z3yc10_g, etc.).

Significant differences were observed between samples treated with and without a graphite
embedding powder, and also between the different formulations tested in this series of ex-
periments. Although some points are still not very clear and a precise interpretation of the
entire mechanism is still quite complicated, some evidences have been summarized in the
next paragraphs.

First of all, the insertion of Y,O3 (samples z3y and z3y_g) apparently does not have many
significant beneficial effects towards a better phase evolution, except for a slight increase of
[’-sialon presence in both samples treated with and without embedding graphite. Moreover,
in both samples a slight increase of corundum presence is observed, more pronounced in z3y
sample. Finally, mullite traces of z3_g were completely eliminated in z3y_g, while mullite
concentration in z3y sample remains essentially unchanged if compared with sample z3.

Y703 could likely react with some SiO; and/or Al,O3 at lower temperatures (as reported
by Ekstrom! to create a certain amount of liquid phase that could enhance system densifica-
tion and transportation phenomena. This fact seems to be well confirmed by further optical
analysis, that are reported in Fig. 4.13. In this picture, cross-section images of z3 and z3y
samples are reported. The clear distinction between the grayish outer layer and white inner
core of z3 sample is not present in z3y sample. Moreover, z3y sample is much more compact
than z3 sample, thanks to the probable formation during the heat treatment of a certain quan-
tity of liquid phase (provided by the presence of Y,03), that could give a better densification
through liquid phase sintering.

The fact that no significant improvements in phase purity are observed means that reac-
tions like reduction and nitridation, necessary for system development, do not strictly rely
on transportation phenomena, but on the presence of different types of additives, such as
reducing agents and nitridating agents (as will be shown in the next paragraphs).

The introduction of some extra carbon inside the material has instead a noteworthy effect

on system evolution, which was completely different between z3yc10 and z3yc10_g samples.
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Figure 4.11: XRD results of Silres H44/Al,O3 mixtures, with different combinations of additives (de-
scription on the left) inserted to improved system evolution. XRD results refers to pellets heat treated
at 1500°Cfor 3 h in N; atmosphere. On the right side, a list of the detected phases is reported.

By looking at the z3y—z3yc10 passage, the most significant difference is the strong reduction
of (’-sialon concentration, which is basically absent in z3yc10 sample. X-sialon and corun-
dum presence remain essentially unchanged, while a certain mullite increase is observed.

Instead, by looking at the z3y_g—z3ycl0_g passage, a totally different behavior is ob-
served: 3’-sialon concentration, as well as corundum presence, are strongly increased, while
X-sialon is almost completely eliminated. This is probably the most significant step towards
the desired system evolution: the elimination of X-sialon and the contemporary increase
of B’-sialon are clues for both an effective reduction mechanism, and also a more effective
nitridation of the material. The main drawback of this step is the formation of conspicu-
ous quantities of Al,O3, which should be probably associated with the X-to-f3 conversion.
This fact is also supported by analogous evidence in literature, concerning the nitridation of
alumino-silicates**°. Moreover, the presence of residual Al,Oj3 is believed also to be con-
nected to silica volatilization phenomenon described before, and likely to a still incomplete
Al,Os3 dissolution inside the ’-sialon structure, due to the relatively low treatment tempera-
tures.
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Figure 4.12: XRD results of Silres H44/Al,O3 mixtures, with different combinations of additives (de-
scription on the left) inserted to improved system evolution. XRD results refers to pellets heat treated
at 1500°Cfor 3 h in N, atmosphere with graphite embedding powder. On the right side, a list of the
detected phases is reported.

A justification for the different behavior depending on the presence of a grafite bed is hard
to be found, but it seems that the simple introduction of some extra carbon, if not supported
by a more reducing atmosphere, could not have any beneficial effect on system reduction and
nitridation.

Finally, the introduction of CaF, was analyzed, and two similar effects were observed for
both z3ycl0caf2 and z3ycl0caf2_g samples. When no graphite bed is used, the global effect
consists in a reduction of X-sialon and mullite presence, with at the same time an increase of
corundum and no formation of 3’-sialon. As expected, CaF, presence has a strong influence
on silica-rich phases: Si-O bond brake is enhanced, but without an increase at the same
time of nitrogen content. On the contrary, a further silica loss seems to take place, with
the subsequent depletion of Al,O3; from the alumino-silicates X-sialon and mullite. This
same observation is valid for z3yclOcaf2_g sample, where a total elimination of X-sialon is
observed, even though it presence was quite low in z3yc10_g sample.
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Figure 4.13: Optical image of the cross section of sample z3 and z3y after heat treatment at 1500°C for
3h.

Influence of the treatment atmosphere on H44/A1,03 system evolution

Reducing atmospheres (as in the case of N/2% Hj) were found to be extremely effective
to reduce the final content of oxygen-rich phases such as X-sialon, and to obtain higher
quantities of (3’-sialon.

XRD analysis of an H44/Al,O3; mixture are reported in Fig. 4.14, where results for z3
sample are presented after heat treatment in Ny and in Ny/Hjy 2% atmosphere for 3 h at
1500°C. As could be observed, treatment atmosphere seems to be crucial for both the reac-
tions of reduction and nitridation: phases identified are only 3’-sialon and residual Al,O3
(corundum). These results are basically identical to previously described z3yc10CaF,_g sam-
ple, which represented the best result in terms of phase purity and system evolution towards
the formation of 3’-sialon. The use of a slightly reducing atmosphere leads to much faster
reactions, even when no additives are introduced inside the starting mixture.

The presence of residual Al,Os is likely due, again, to the concurrent silica volatilization
reaction, and probably to a still incomplete dissolution of Al,Os3 inside the sialon phase, due
to the relatively low treatment temperature set for the experiment.

As would be described in Section 4.4, the realization of ceramic joining between commercial
sialon substrates was carried out by using Ny/H, 2% atmosphere, since results obtained
with these process parameter are undoubtedly the most promising, when polysiloxane-based
mixtures are used.

Conclusions

As a concluding remark on synthesis of sialon from siloxanes-based systems, the obtain-
ment of phase purity in the final ceramics, as briefly resumed before, is not trivial. As will be
shown in the next paragraphs, a much improved system purity and control could be obtained
from silazanes-based systems. It should be noted however that siloxanes-based systems are
characterized by a much simpler processing, due to the higher chemical stability of the pre-
cursors, that finally leads to an easier and wider applicability of this type of systems (some
example are reported at the end of the chapter).

Concerning the synthesis of sialon ceramics from siloxane-based mixture, some experimen-

tal evidences have been found, that could be resumed in the following points:

* The reaction path towards the formation of f’-sialon is a complex multi-step reac-
tion system. In the first phases of the treatment, the SiOC ceramic residue reacts
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Figure 4.14: Influence of the treatment atmosphere on the evolution of the z3 formulation.

with the Al,Os nanoparticles to give the formation of alumino-silicates such as mul-
lite (3A1,03-25i0,). Subsequently, a carbothermal reduction-nitridation (CRN) process
takes place, with a reduction of the global oxygen content of the material (through the
reaction of the carbon of the polymer residue with oxygen, with the subsequent forma-
tion of CO); at the same time, a progressive nitrogen intake from the atmosphere makes
possible the formation of the first nitrogen-containing phase, i.e. X-sialon (frequently
referred also as “nitrogen-mullite”). At the end of the process, a further nitrogen intake
could finally produce the nucleation of 3’-sialon.

* Besides this primary reaction, other concurrent processes are believed to take place, the
most important being silica volatilization. This process eventually changes the global
stoichiometry of the material towards more Al,Os3-rich compositions, and is believed to
be the origin of residual Al,O3 (observed in most of the samples), which strongly limits
results reproducibility. Clues of this ongoing concurrent process have been found both
in TG analysis (where a significant weight loss was observed for temperatures higher
than 1300°C) and in the formation nearby the samples of SiC/SizN,; nanowires spongy
structures, due to a further reaction of SiO with the embedding graphite (when used)
or with the N, atmosphere.

* System evolution for pure polysiloxane/Al,Os mixtures is extremely slow, and clues
for ’-sialon formation can only be detected on the surface of the samples, while in the
inner core oxygen-rich phases such as mullite and X-sialon are predominant.

¢ The introduction of different additives (Y,Oj3, extra carbon, CaF,) demostrated to be
extremely effective for an increased system homogeneity and a more effective reduction
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of oxygen content and nitridation from the atmosphere. Best results showed a final
composition which comprised of 3’-sialon and some residual Al,O3 (likely due to silica

volatilization).

Slightly reducing atmosphere (N»/H, 2%) demonstrated to be extremely effective for
a full system development towards, again, a 3’-sialon/Al,O;3 final composition, with-
out the need for any additional additive, confirming again that oxygen reduction is
probably the crucial point for the synthesis of sialon ceramics from oxygen-rich starting

mixtures.
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4.3 SiAlON from silazane-based dispersions

4.3.1 Experimental procedure

Commercially available polysilazane (Ceraset PSZ20, KiON Defense Technologies Inc., Hunt-
ingdonValley, PA, USA), perhydropolysilazane (NN120-20, Clariant, USA) and y-Al,O3 nano-
sized powder (Aeroxide Alu C, Evonik Industries AG, Essen, Germany) were used in the
experiments. Either a single preceramic polymer or a mixture of the two liquid precursors
was dissolved in n-hexane, and then mixed with a selected amount of Al,O3 powder. The
solid content of the dispersions was kept constant at approximately 40 wt%, and the weight
ratio (W) between the polymer component and the ceramic powders was varied between 1.2
and 3.0.

When a mixture of the two precursors was used, silazane/alumina weight ratio was kept
constant at a value of 3.0 and PHPS:PSZ weight proportion was varied between 0:100, 50:50,
75:25 and 100:0. After desiccation in oven at 200°C overnight, the Al,O3 powder was re-
moved from the oven and immediately inserted under flowing N in a sealed glass container,
to avoid adsorption of moisture. The silazane(s)/n-hexane solution was produced aside in
a beaker, homogenized under stirring, and then injected into the container with the Al,O3
powder. Homogeneous dispersions were easily obtained by magnetically stirring for 5 min-
utes and ultrasonication for other 5 minutes. The polysilazane(s) component was found to be
very effective for the dispersion of the hydrophilic Al,O3; nano-sized powders into the highly
hydrophobic solvent, without the need for any additional dispersant. The suspensions re-
sulted stable for at least 1 h. The dispersions were then poured into an aluminum container
and cured at 300°C for 1 h in Nj, in order to cross-link the preceramic polymers. It should
be noted that the separation of the curing step from the subsequents pyrolysis step is, in
principle, not strictly necessary, and was required only because of the low melting point of
the aluminum trays. After the curing step, samples were pyrolyzed in flowing Nj (99.99%
pure) for 1 h in the 1300-1600°C temperature range (10°min heating rate) in a tube furnace.
Before inserting the samples into the alumina tube, N, was flown for 30 min at 200°C, in
order to reduce the humidity content inside the tube. For comparison purpose, some pure
PSZ20 samples were also produced in the same experimental conditions. In this case, the first
dissolution in n-hexane was not necessary, and polysilazane was directly cured.

Microstructural investigations on the pyrolyzed samples were conducted by means of X-
Ray Diffraction (XRD) analysis and by scanning electron microscopy (SEM). A semi-automatic
phase identification was performed by using the Match! program package, supported by
crystallographic database PDF-2. DTA /TG analysis and Raman spectra were also collected.

4.3.2 Synthesis

In Fig. 4.15 XRD data for pure PSZ20 polysilazane treated in N at different treatment tem-
peratures are reported. Polysilazane residue was XRD amorphous when heated at 1300°C (1
h). At 1400°C (1 h) «-SizNy started to crystallize, and at 1600° additional (3-Si3Ny and SiC
peaks appear superimposed to an halo still observable in the 32.6-40° range, indicating the
presence of a residual amorphous phase. This is in accordance with previous literature*°.
The situation changed dramatically with the addition of oxide nanofillers, as shown by
Fig. 4.16, with important differences based on the weight ratio W, ranging from 1.2 (a) to
3.0 (d). The different weight balances were formulated considering a ceramic yield of PSZ20

of about 70 wt%?’, a proportion among the elements constituting the ceramic residue of the
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Figure 4.15: XRD patterns of PSZ20 polysilazane as a function of the treatment temperature (1 h soak,
N, atmosphere). a=x-SizNy, B=p-Si3Ny, s=5iC.

silazane of Si/C/N/0O=1/0.66/0.6/0.03%, and of different amounts of Si, Al, O and N atoms
in the final ceramic, as summarized in Tab. 4.5; f3’-sialon with decreasing z value were ex-
pected starting from a composition equal to Si3Al303N5 (z=3) corresponding to W=1.2. The
C present in the silazane pyrolysis residue would remove the excess of oxygen, associated
to the incorporation of alumina filler, in the final ceramic, but some residual C could remain
present. It is reasonable to assume that some nitrogen could also be incorporated into the
system from the atmosphere: to support this hypothesis, as a representative example, the
formulation with a PSZ/Al,Os ratio equal to 3.0 was pyrolyzed at 1500°C in Ar atmosphere,
and compared to the same formulation pyrolyzed in flowing Nj. It is evident from Fig. 4.17
that pyrolysis in Ar atmosphere produces a higher amount of oxygen-rich phases (O’-sialon
and X-sialon), which are not present in the sample pyrolyzed in N,. Without the presence of
nitrogen, the evolution of the system does not proceed towards a ceramic including (3’-sialon
as the only nitrogen-containing phase. This finding confirms the hypothesized reaction of
nitrogen intake from the atmosphere, which could progressively convert oxygen-rich, inter-
mediate phases into the more nitrogen-rich 3’-form. Moreover, the slight and progressive
weight increase at high temperatures observable form the TG analysis (see Fig. 4.18) repre-
sents an additional confirmation of this hypothesis.

The nature of the samples remained essentially amorphous below approximately 1300°C.
The broad peak centered at ~45.5° is related to the y-Al,O3 nanosized particles, which were
embedded in the amorphous Si-C-N phase deriving from the polysilazane. At 1300°C, a

partial atomic rearrangement lead to the formation of O’-sialon crystallites, while at 1400°C
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Figure 4.16: XRD results of PSZ/Al,O3 mixtures as a function of PSZ/Al,O3 weight ratio and treatment
temperature. 3=[’-sialon, x=X-sialon, 0=0’"-sialon, y=y-Al,O3, c=corundum, s=SiC, p=15R polytype

the first nucleation of 3’-sialon phase was observed. (’-sialon nucleation can be associated
to the exothermic peak at ~1430°C in the DTA curve (Fig. 4.18). Since DTA/TG analy-
sis was carried out on pre-cured powders, the typical cross-linking exothermic peak around
300°C is absent in Fig. 4.18. It should be pointed out that at 1300°C the silazane-derived
ceramic residue, although still essentially amorphous (as demonstrated in Fig. 4.15), could
have already undergone a partial phase-separation*®, leading to coexisting amorphous sili-
con nitride-rich and silicon carbide-rich regions. For this reason, it is reasonable to assume
that the very first reaction yielding the formation of the initial sialon phase (O’-sialon) more
specifically involves Al,O3 nanopowders and the silicon nitride-rich amorphous regions of
the silazane ceramic residue.

The possible reaction mechanism thus entails: 1) a partial reaction of the SiCN matrix
(or, more likely, of its silicon nitride-rich regions), at 1300°C, with some y-Al,O3 to give the
formation of O’-phase crystallites, 2) the nucleation of (3’-sialon nuclei at ~1400°C, which
quickly become the predominant crystalline phase, and at the same time the disappearance
of the O’-phase (as frequently observed in literature®'), and 3) the growth of B’-sialon nuclei
with the progressive elimination of the residual y-Al,O3 via a reaction with the constituents
(Si, C and N) of the SiCN matrix and the nitrogen firing gas.
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Figure 4.17: XRD results of PSZ/Al,03=3.0 composition, pyrolyzed at 1500°C for 1 h in N (top) and
Ar (bottom) atmosphere. 3=[3"-sialon, x=X-sialon, 0=0’"-sialon, s=SiC.

W Ceramic residue Filler = Expected Sialon phase By-products
Si C N O Al O
12 066 0.6 003 1.0 15 SiAION; ¢y [Si3Alz03N5 (z=3)] 053 CO+0.13C

2 066 0.6 003 06 09 SiAlyeOpeNyss [SizzsAlr250225N575 (z=2.25)]  0.33 CO +0.33 C

1
16 1 066 06 003 08 12 SiAlysOgsNig [Sisz3Al 6006 Nsa3 (2=2.67)] 043 CO +0.23C
1
3 1 066 06 003 04 0.6 SiAlysOpsNyas [SigaoAl;710171Ng20 (z=1.71)] 0.23 CO +0.43 C

Table 4.5: Estimated atomic amounts corresponding to different polymer/filler ratios.

The formation of the O’-phase is interesting if we consider the probable proportion among
elements in the ceramic residue of PSZ20%°; in fact, O’-phase, deriving from the replacement
of Si-N bonds with Al-O bonds in the structure of silicon oxynitride (Si;N,O) features a
relatively low N/Si ratio, as in the ceramic residue of PSZ20, and a relatively high oxygen
content; the Al content, in addition, is much lower, compared to oxygen, than in the alumina
filler (the general formula of O’-sialon is Sip_yAlyO14xNp_y, with 0<x<0.3). This means that
some oxygen contamination occurred during the overall processing, so that the preliminary
estimations reported in Tab. 4.5 had to be revised.

Other observations contrasting with the preliminary estimations concern the presence of
residual Al,O3 content for low W values (see Fig. 4.16a-b at 1500°C), undergoing transforma-
tion from the transitional v form to the « form, more stable at high temperatures, and some
changes in the z value of developed p’-sialon with increasing temperature. The corundum
contamination is likely associated to incomplete incorporation of Al and O, at the tempera-
ture of 1500°C when {3’-sialon formed with the expected z value equal to 3 (the most probable
phase, according to the semi-automatic phase identification provided by the Match! program
package is Si3Al3O3Ns, PDF#079-0483), as shown by the high magnification detail of XRD
pattern of Fig. 4.19 (left). At 1600°C corundum decreased, due to progressive interaction at
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Figure 4.18: DTA /TG analysis of PSZ/Al;03=3.0 mixture up to 1500°C. Exothermic peak at 1430°C is
related to the formation of 3’-sialon.

the interface of Al,O3 residues with the amorphous phase still present (see the broad hump
in the 32-39° range), but the XRD peaks associated to the 3’-sialon phase appear to have split
into two separate peaks. This indicates that besides the expected (3’-sialon phase with z=3,
also another [3’-sialon phase, with z=4, is present. Additionally, peaks associated to the 15R
sialon polytype (51Al;O,N4, PDF#042-0160) are visible. In our opinion, such phenomenology
is consistent with the formation of volatile SiO together with CO, determining a Si deficiency
in the amorphous intergranular phase. The 15R phase has already been reported to form
from a Si-depleted (C-rich) amorphous matrix provided by a polycarbosilane, aimed at yield-
ing SiC matrix composites with Al,O3 as secondary phase®’.

The overall reaction system is very complex and at this stage of the investigations cannot
yet be discussed in full detail. In any case, the low temperature oxygen contamination and the
Si depletion are key points. Fig. 4.16c and d show that with higher W the phase purity had a
significant improvement. Oxygen contaminations were likely compensated by the increased
“excess carbon” available according to Tab. 4.5 . However, the final phase balance does not
simply comprise a single phase (’-sialon: as illustrated by Fig. 4.19 (right), for W=2, the
splitting of 3’-sialon is still present at 1600°C. More precisely 3’-sialon with z=2, close to the
expected value (SigAl,O;Ng, PDF#076-0599), alone at 1500°C, at 1600°C is accompanied by
a [3’-sialon with z even below 1 (the observed peaks are just at the middle between those of
Sis AIONy, z=1, PDF# 077-0755, and (3-Si3Ny, PDF#083-0701). A likely origin of this splitting
is an interfacial reaction among the C-containing amorphous phase and the firstly developed
[’-sialon grains (SiAlON(high,z)+N2 (atmosphere)+5i-N-C (matrix)— SiAION|joy, ) +CO(T)).

The presence of C in the ceramic residue up to high temperatures is testified by the detec-
tion of SiC crystallites (PDF#029-1126) in Fig. 4.16d (1600°C) (the phase is supposed to be
nano-sized due to the remarkable width of its main peaks), attributable to the crystallization
of the remaining amorphous phase. Moreover, residual “free” carbon was also detected by
micro-Raman analysis (Fig. 4.21a). The broad peak centered at 1330 cm ™! can be attributed
to the carbon D band. D band originates from the breathing mode of aromatic rings of aro-
matic rings of a disordered graphite structure®. Peak centered at 1600 cm~! is generated by
the convolution of both graphitic G band (centered at 1580 cm ™!, often observed in ceramic
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residues from preceramic polymers) and D’ band (1620 cm~1)°!. A second-order D peak (2D)
could also be observed around 2660 cm ™. Despite their low intensity, other minor peaks lo-
cated in the 700-1000 cm ™! region should be attributed to both Si-C (~780 and ~960 cm™!,

labeled with ”s”) and Si-N bonds°? present in the material.
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Figure 4.19: Details of selected XRD patterns. c=corundum, p=15R polytype.

In summary, when using a carbon-containing silazane (PSZ20) and nano-sized alumina, it
was not possible to obtain phase pure {3’-sialon ceramics. Best results were obtained with
samples with W>2, which possessed the least amount of secondary phases, i.e. very fine SiC
crystallites.

In order to improve the purity of the phase, a different (non carbon-containing) silazane
was used. The addition of PHPS to the dispersion was found to be a very effective way to
lower the residual secondary phases in the final materials, and to obtain phase-pure sialon
ceramics, as illustrated by the XRD patterns in Fig. 4.20.

When part of the PSZ was substituted with PHPS, the best results were obtained with the
75:25 PHPS:PSZ formulation, for which a virtually complete elimination of SiC crystallites
was achieved for a heat treatment at 1500°C (1 h). A significant lowering of the residual
carbon content for the 75:25 formulation was also confirmed by micro-Raman analysis (Fig.
4.21b): all the bands associated to “free” carbon (D, G, D" and 2D, that were clearly visible
for 0:100 specimen) are virtually absent for this sample. Some low-intensity peaks are still
present in the 700-1000 cm ™! region, indicating the presence of traces of SiC in the final ma-
terial. However, silicon carbide quantity should be extremely low, since no peaks attributable
to this phase were found in the relative diffraction pattern. The 50:50 sample still showed
the presence of an amorphous phase, whilst in the 100:0 sample the amorphous phase disap-
peared, but secondary oxygen-rich phases were present (O” and X-sialon). This confirms the
hypothesis that some of the carbon deriving from the PSZ is necessary for the removal of the
excess oxygen deriving both from the alumina and from the moisture contamination of the
silazanes. No splitting of characteristic 3’-sialon peaks was observed for these samples.

The 75:25 formulation (the one leading to the most phase pure and well crystallized (3’-

sialon at 1500°C) was then tested back at lower temperatures. As it can be observed in Fig.
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Figure 4.20: XRD results as a function of PHPS:PSZ weight ratio (polysilazanes/Al,O3 weight ratio
equal to 3.0). All samples were heat treated at 1500°C for 60 min in Nj. B=[p’-sialon, x=X-sialon,
0=0’-sialon

4.22, B’-sialon peaks were already present after a heat treatment at 1300°C, together with
O’-sialon (which is again readily converted to the ’-phase at higher temperatures), some
unreacted y-Al,O3; and some metallic silicon. Small quantities of X-sialon are also detected
at 1400°C, but they finally completely converted into the 3’-phase at 1500°C. The decrease in
the temperature necessary for the formation of 3’-sialon was probably due to the presence of
free silicon, which in pure PHPS was found to promote the precipitation of crystalline SizNy
from amorphous silicon nitride at relatively low temperatures™.

The final ceramic consisted in pure 3’-sialon with nano-sized grains with a dimension of
approximately 100-200 nm, as shown by SEM investigations on the produced powders (see
Fig. 4.23a); for comparison purposes, Fig. 4.23b illustrates the situation when only PSZ20
was used together with y-Al;O3, leading to much coarser crystals.

A final remark concerns the possible applications of the proposed approach, that will be
the object of future investigations. Highly pure nano-grained (3’-sialon powders are undoubt-
edly attractive for secondary densification treatments, consisting of conventional hot-pressing
or SPS. In addition to the production of pure (3’-sialon ceramics, we expect that the addition

of the preceramic mixture to SiC or SizN4 powders would lead to SiC or SizNy grains sur-
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Figure 4.21: Results of micro-Raman analysis for samples with PHPS:PSZ=75:25 and PHPS:PSZ=0:100
weight ratios (polysilazanes/Al,Os weight ratio equal to 3.0), after heat treatment for 1 h at 1500°C in
No.

rounded by a highly crystalline and consequently creep resistant sialon phase, in analogy
with recent experiments about a polymer-derived intergranular phase with a SiAlIOC com-
positionSO.It should be noted that, in the case of these “sialon-bonded” ceramics, the use of
hot-pressing would not be necessary if, for instance, porous components are fabricated, to be
used for applications requiring high temperature filters. Finally, pure sialon powders doped
with rare earth cations are very attractive as luminescent materials for LED devices®, and are

currently under investigation.

4.3.3 Conclusions

In the present work, a new method for the realization of nano-grained (3’-sialon ceramics was
presented, based on a simple mixing/dispersion procedure using commercial polysilazane(s)
and Al,O3 nanopowders, followed by a single pyrolysis step in nitrogen atmosphere at rel-
atively low temperatures. The influence of the starting formulation and the heat treatment
on the final phase assemblage was investigated, and high purity nano-grained p’-sialon ce-
ramics were obtained from a mixture of appropriate composition of polysilazanes and Al,O3
nanopowders. A strong influence of the composition of the silazanes on the phase purity of
the resulting ceramic was observed, and all secondary phases were eliminated when employ-
ing a mixture of two silazanes, one of which did not contain any carbon.

Sub-micrometric sialon grains were generally produced. The highly reactive nature of the
ceramic residue generated by the polymeric component allowed also for lower processing
temperatures than those generally adopted with powder processing, and in some samples
[’-sialon grains already formed after a heat treatment at 1300°C (1 h).
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Figure 4.22: XRD results as a function of temperature (1 h soak, Ny atmosphere) for sample with
PHPS:PSZ=75:25 weight ratio (polysilazanes/Al,O3 weight ratio equal to 3.0). = -sialon, x=X-sialon,
0=0'-sialon, y=y-Al,O3, Si=silicon.

Figure 4.23: FE-SEM image of samples with PSZ/Al,03=3.0, after heat treatment at 1500°C for 60 min
in Np. a) PHPS:PSZ=75:25, b) PHPS:PSZ=0:100.
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4.4 Applications

4.4.1 Si3N4 composites using polymer-derived sialon as sintering aid
Introduction

The Polymer Derived Ceramics technique have been extensively studied during the last
decades, and many improvements have been done regarding the study of their chemistry,
their properties and the mechanism of the polymer-to-ceramic conversion that takes place
during their pyrolysis. Although many efforts have been put to improve their properties and
to increase the ceramic yield of this class of precursors, ceramics from preceramic polymers
still suffer from the shrinkage that generates during the pyrolysis step and during the devit-
rification mechanism that takes place at high temperature, which in practice strongly limits
their applicability to ceramic components of just few hundreds of micrometers (e.g. fibers,
coatings, microcomponents). The scaling up of the dimensions of components produced from
pure preceramic polymers is practically impossible, and this is the reason why a lot of re-
search has been done during the last years on the possibility of introducing passive and/or
active fillers to reduce and/or compensate this shrinkage, for the realization of big dense
ceramic components.

A special case of the association of preceramic polymers with fillers is represented by the
use of relatively limited quantity of preceramic polymers as intergranular binding phase for
inorganic powders, such as SiC and SizN4. SiC and Si3sNg4 show outstanding thermal and
mechanical properties, thanks to the strongly covalent nature of the Si-C and Si-N bonds,
respectively. The main drawback of carbides and nitrides is their extremely poor sinterabil-
ity, and expensive densification techniques like Hot-Pressing (HP) or Spark Plasma Sintering
(SPS) are required to obtain dense and mechanically reliable components. In some cases, the
introduction of sintering aids (e.g. Re;O3, Al,O3, MgO) was proven to be effective in enhanc-
ing the densification reactions through the formation of intergranular liquid phase during the
final sintering. As a direct consequence, the use of sintering aids strongly deteriorates high
temperature creep resistance .

The unique amorphous nature of PDCs, which in general is constituted by a mixture of
5i-O, Si-C, Si-N covalent bonds (depending on the nature of the precursor used), make
preceramic polymers potential candidates for the realization of a continuous amorphous in-
tergranular phase for SiC and Si3N4 powders, which on one hand could promote the densi-
fication of the material during sintering through viscous flow, and on the other hand could
offer a better creep resistance at high temperature thanks to the presence of strong covalent
bonds inside their amorphous structure*>?.

With the present work, an attempt to further improve the high temperature characteristics
of the intergranular phase was made, starting from preceramic polymer+nano-sized fillers
mixtures studied in Sections 4.2 and 4.3. Ideally, the use of this type of precursors (that gen-
erate a highly crystalline, sialon-based structure) could potentially show advantages in terms
of both densification at relatively low temperatures (when a fraction of amorphous phase is
still present) and improved creep resistance at high temperature, thanks to the nucleation of
crystalline phases in the last moments of the sintering process.

In the next paragraphs, first results on the use of preceramic polymer/fillers mixtures as
intergranular/sintering phase are reported. These results were made in collaboration with
Prof. Z. Lences and his collaborators of the Institute of Inorganic Chemistry of the University

of Bratislava, Slovakia.
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Si3N4 composites preparation

A commercial SisN4 powder (SN-E10, Ube Industries, Japan, mostly x-phase) was selected for
the realization of the mixtures. As a sintering aid, 2 different preceramic-polymer-based mix-
tures were selected. First formulation (referred as “Powder A”) consisted of a polysiloxane-
based mixtures (very similar to formulation “z3yc10” developed in Section 4.2.2), while par-
allel experiments were conducted using a polysilazane-based mixture (referred as "Powder
B”), deriving from studies reported in Section 4.3.2. The 2 different binding phase formula-
tions are reported in Tab. 4.6 (polysiloxane-based) and Tab. 4.7 (polysilazane-based). After
mixing and curing in Nj at 300°C for 1 h, Powder B was immediately pre-pyrolized at 600°C

for 30 min in Nj, because of the high moisture sensitivity of the polysilazane.

Table 4.6: Powder A: polysiloxane-based formulation used as a sintering aid for Si3N,; powders.

Component wt%

H44 35.7
AlL,O3 37.1
SizNy 21.6
Carbon 1.1
Y,03 4.4

Table 4.7: Powder B: polysilazane-based formulation used as a sintering aid for Si3Ny powders.

Component wt%
HTT 1800 67
Al O3 33

Prior to the mixing phase with Si3N4 powders, powder A and powder B were put inside
an agate container and pulverized in a planetary mill for 30 min. 18 wt% of precursor
was added to «-SizN; powders. Due to the limited amount of precursors, the powders were
homogenized in an agate mortar, in dry state. The only exceptions are represented by samples
SN18A-3M and SN18B-7M: in this case, powders were ball-milled in a planetary mill (Si3Ny
pot) with Si3Ny balls for 60 min in hexane (milling conditions: 230 rpm; 3 min milling + 6 min
stop, for a total time of milling of 60 min). Suspension was then dried in a rotary evaporator
(40°C, 205 mbar) and powder was further dried in a vacuum drier (80°C, 200 mbar) for 12 h.
Soft agglomerates were finally crushed in agate mortar prior to the compaction step. From
the powders realized, circular pellets with a diameter of 12 mm were produced by uniaxial
pressing, with a pressure of 100 MPa.

Densification experiments were then carried out in a graphite resistance furnace with a
load of 30 MPa. The load was applied at 1120°C during heating and released at 1300°C
during cooling. Nitrogen gas inlet started at 300°C. Gas pressure in the furnace was adjusted
to 1.05 bar during the whole experiment (small overpressure).

In Tab. 4.8 is reported a list of all the samples produced for the densification tests. “SN18X”
was used as a generic label, where “X” the type of the sintering aid (e.g. SN-18A represents
a composite with 72 wt% of Si3N; powders and 18 wt% of powder A). Intermediate dwells
at 1300 and 1420°C were selected, based onthe shrinkage curves of powders A and B. The
only exception is represented by SN18B-6, for which no intermediate dwells were adopted.
Temperature increasing rate was varied as follows: 30°/min until 700°C 20°/min until 1300°C
15°/min until 1420°C and 10°/min until the final densification temperature. Cooling was

then carried out at 15°/min until 1000°C and at 20°/min down to room temperature.
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Table 4.8: Treatment conditions for Si3N; powders densified with powder A or powder B (samples
”SN18X, with X=type of the sintering aid) and for powder A (SNPA) and powder B (SNPB). T and
Tp represents the temperature on Eurotherm controller and on pyrometer Ircon (starts at 1100°C),
respectively; Am represents the weight loss during the hot-press step; p the density of the samples after
hot-pressing.

Sample Te (°C) Tp (°C) dwell (min) Am (%) p (g/cm?)
SN-18A-1 1300/1420/1500 1420/1520/1600  30/30/15 -6.01 3.12
SN-18A-2 1300/1420/1600 1420/1520/1755 30/30/2 -6.35 3.11
SN-18A-3M  1300/1420/1500 1420/1520/1600  30/30/15 -6.14 3.12
SN-18B-1 1300/1420/1500 1420/1520/1600  30/30/15 -3.76 2.33
SN-18B-2 1300/1420/1500 1420/1520/1600  30/30/60 -3.69 2.49
SN-18B-3 1300/1420/1550 1420/1520/1650  30/30/30 -4.04 2.71
SN-18B-4 1300/1420/1600 1420/1520/1700  30/30/30 -4.18 2.87
SN-18B-5 1300/1420/1650 1420/1520/1750  30/30/30 -5-54 2.85
SN-18B-6 1600 1700 30 -3.90 297
SN-18B-7M  1300/1420/1600 1420/1520/1700  30/30/30 -5.04 3.09
SNPA 1300/1420/1500 1420/1520/1600  30/30/15 -25.19 243
SNPB 1300/1420/1500 1420/1520/1600  30/30/15 -13.68 2.48
Results

In Fig. 4.24 the XRD pattern of the silicon nitride powders to be densified is reported. As
could be observed, SizNy is present mostly in the a-form (approximately 95%), probably
connected to the synthesis method adopted.

UBE SN-E10
o-SiN, (#041-0360) |
| | | | [ 1 ]
B-Si_N, (#082-0709)
L I T 1T I L I T T I L I T .| I T T T I T .| T II L I LI .| T
10 15 20 25 30 35 40 45 50 55 60

Figure 4.24: XRD pattern of Si3N; nanopowders SN-E10 (UBE Industries).

A previously discussed in Sections 4.2 and 4.3, the pyrolysis in nitrogen atmosphere of
precursor powder A and powder B produced a material constituted by 3’-sialon and Al,O3
(powder A) and (3’-sialon and some amorphous SiC (powder B). Analogous densification
experiments were carried out by hot-pressing with the precursor powders alone, in order to
evaluate the possibility for variations of the final composition. XRD patterns of HPed (Hot-
Pressed) powder A (SNPA) and powder B (SNPB) are reported in Fig. 4.25 (for treatment
conditions, see Tab. 4.8).

As could be observed, a totally different phase assemblage from what obtained in Sections
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Figure 4.25: XRD pattern of SNPA and SNPB after hot-pressing at 1600°C for 15 min in N, atmosphere.

4.2 and 4.3 is present: both the ceramics are constituted by a mixture of X-sialon and Si;ONp,
plus some residual corundum (in the case of powder A) and some SiC (in the case of powder
B), while 3’-sialon is totally absent in both the samples. The presence of these 2 oxygen rich
phases could be justified by the different treatment conditions adopted. In the case of an
hot-pressing treatment, powders are introduced inside a graphite dye and closely packed.
Although hot-pressing treatments were carried out in nitrogen atmosphere, it appears that
the powders in the graphite dye are “sealed” and isolated from the treatment atmosphere,
which strongly hinders the nitrogen intake process for both the materials, that upon heat
treatment show a much lower quantity of nitrogen-rich phases like 3’-sialon. The presence
of low quantities of residual corundum in SNPA are in accordance with previous results, and
also the presence of small quantities of SiC in SNPB sample again confirms the observation
(previously made in Section 4.3) regarding the possibility of having some residual SiC (in an
amorphous or crystalline form, depending on the sintering temperature) deriving from the
pyrolysis of the polysilazane matrix.

As could be noted in Fig. 4.26 (XRD pattern of SN18A series) and in Fig. 4.27 (XRD pattern
of SN18B series), this different phase assemblage eventually have some influence on the phase
assemblage of the final composites. In fact, in both the series of samples produced, O’-sialon
and X-sialon have been identified. A certain influence of the oxygen contamination of the
Si3Ny powders (present in the SizsNy surface as SiO;) should be taken into account, and could
give an additional contribution to the formation of these two oxygen-rich phases.

Densification test results are reported in Fig. 4.28, were bulk density values are reported
for each sample.

As a starting point, the same heat treatment was carried out at the maximum temperature
of 1600°C. 2 different densification behaviors were observed, connected to the different type
of precursor used as a sintering aid. When polysiloxane-based precursor was used, a very fast
and effective densification was readily achieved after the first treatment (SN18A-1), and at the

final sintering temperature no further shrinkage was observed, due to a basically complete
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Figure 4.26: XRD pattern of SN18A series. *(Note: SN18A-3 pattern not available.)
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Figure 4.27: XRD pattern of SN18B series. *(Note: SN18B-6 and SN18B-7 patterns not available.)
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Figure 4.28: Bulk density values for series SN18A, SN18B, and for sintered powders SNPA and SNAPB.

densification process (final density 3.123 g/cm?). On the contrary, a much lower density was
measured for sample SN18B-1 (2.329 g/cm3), which could indicate both an incomplete den-
sification process and/or the presence of higher quantities of residual amorphous phase in
the final ceramics. A possible explanation for this slower densification is probably connected
with the different nature of the ceramic residue that could be obtained from the 2 different
preceramic polymers: in fact, while the higher oxygen content of the polysiloxane-derived
ceramic could generate a lower viscosity and likely a higher reactivity towards other phases
present (to readily give the formation of crystalline phases), the stronger covalent bonding in-
side the polysilazane-derived matrix — generated by the massive presence of strongly covalent
Si-N and Si-C bonds — could have the opposite effect, producing a higher viscosity network
and retaining its amorphous nature (at least of part of it) up to high temperature, testified by
the presence of quasi-amorphous SiC, as described in Section 4.3 and also detected in sample
SNPB.

As a consequence of these results, one more sample was produced with powder A (SN18A-
2), which was sintered at a higher temperature (1750°C) in order to achieve a complete crystal-
lization (especially of the intergranular phase) and to observe the high-temperature behavior
of the final composites. No significant changes of the final density were observed, which
probably implies that a basically complete system evolution was already achieved at 1600°C.
The only significant change regards the phase assemblage: as expected, a higher 3-SizNy/ «-
Si3Ny ratio was observed, due to the progressive transformation of the «-form (equiaxed and
more stable at low temperatures) into the 3-form (elongated and more stable at high tem-
peratures), which in principle entails a higher toughness and a lower hardness. Both these
hypotheses find confirmation in Fig. 4.29 and in Fig. 4.30, where toughness and hardness val-
ues are reported. Indentation toughness increases from 5.1 to 5.5 MPa-m®>, while hardness
values decreases from 18.7 to 17.1 GPa.

Finally, SN18A-B3M (produced by ball milling of the starting powders) showed a more
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homogeneous microstructure if compared to B-1 and B-2 samples. Its properties are basically
identical to B-1 sample, since the maximum sintering temperature adopted was 1600°C in

both cases.
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Figure 4.29: Fracture toughness values for series SN18A and SN18B (indentation toughness values
based on Shetty’s relationship).

Further densification experiments were done on SN18B samples, changing the experimen-
tal conditions as reported in Tab. 4.8. Both an increase in the dwell time at the final tempera-
ture of 1600°C (30 to 60 min), as well as an increase in the final sintering temperature led to
a drastic increase of the density of the samples, which changed from 2.32 to 2.85 g/cm?®.

A further densification for sample SN18B6 was observed (2.97 g/cm?) by changing the
heating rate: all the intermediate dwells were removed and powders were directly brought
to the final sintering temperature at a relatively high speed (20°/min). Probably, removing
the intermediate steps and thus going faster through the “crystallization path” could reduce
the gradual increase of viscosity of the system and the reduction of the liquid phase present.

Finally, best results (3.09 g/cm?®) were obtained with sample SN18B-7M, which is analogous
to sample SN18B4, but in this case powders were ball-milled in planetary mill. Apparently,
the higher system homogeneity and intimate mixing that could be achieved by this procedure
is fundamental for the obtainment of a more effective densification of the sample, which
reached almost the same density value of samples obtained by using powder A as sintering
aid.

For SN18B series, the increase of density of the samples is quite accordingly followed by
an increase of hardness and toughness. Passing from Bl to B/M sample, hardness changes
from 5 to 16 GPa, thanks probably to an increased crystallization of the system with a lower
quantity of residual amorphous phase.

Toughness increases instead from 2.2 to 4.4 MPa-m®°, probably because, again, of an in-
creased crystallization of the intergranular phase, which should in principle have beneficial

effects on the global toughness, as well as on creep resistance at high temperature.
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Figure 4.30: Vickers hardness values for series SN18A and SN18B.

Conclusions

The use of preceramic polymers filled with nanopowders as sialon precursors showed ex-
tremely promising results as a potential candidate as SizNy sintering aid. Advantageous
aspects of materials synthesized should be found in the potentially high mechanical charac-
teristics, especially regarding toughness, hardness and creep resistance at high temperatures.

Interesting toughness and hardness values were obtained with both sintering powders: best
toughness values are approximately 5 MPa-m®>, while best harness values are approximately
19 GPa. This values are extremely promising, and represent a big improvement if compared

to analogous results in literature™

concerning the use of preceramic polymers as sintering
aid for silicon nitride powders.

Although good results were obtained with both the precursors, some important differences
between a polysiloxane-based (A) and a polysilazane-based (B) sintering aid were observed,

that could be resumed in the following points:

* Polysiloxane-based powder gives a higher densification rate and a much improved crys-
tallization at relatively low temperatures than polysilazane-based powder. This differ-
ent behavior is probably associated with the different chemical bonds present inside
the ceramic residue that generates upon pyrolysis: while Si-O and Si-C are the main
bonds generated by the pyrolysis of polysiloxanes, the replacement of Si-O bonds by
more strongly covalent Si-N bonds in polysilazanes gives probably a glassy phase char-
acterized by a higher viscosity, which is less inclined to both crystallize and react with
other phases present, to give the formation of crystalline phases. For this reason, higher
densification temperatures and longer holding times are required to reach a full system

densification/crystallization when using powder B.

e Slightly higher toughness values were obtained by using powder A, especially for sam-
ples densified at 1750°C, also thanks to a partial «-SisN4 — 3-SizNy conversion, which
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implies the formation of elongated grains that generate an interlocking microstructure.

* Hardness values are basically equivalent between A and B series, although it should be
pointed out that when high sintering temperature are applied, B series seems to have a
higher potential than A series, as could be observed by looking at its hardness values.
A possible explanation for this phenomenon could be found in the nucleation of SiC
crystallites when powder B is used.

* Finally, a general consideration about the handling and the cost of the sintering pow-
ders should be done: polysilazane-base system show a more complicated handling
procedure, due to their high moisture sensitivity, and are generally characterized by
higher prices. These aspects slightly hinder their applicability and more widespread
utilization, if compared to polysiloxane-based sintering aids.

4.4.2 Sialon joining with polysiloxane-based formulations
Introduction

The interest in joining one piece of ceramic to another, whether it is to the same ceramic
material or a different one, is usually with a view to producing a more complex shaped
ceramic component out of simple starting shapes.

The joining of engineering ceramics, even to themselves, is not an easy problem to solve.
This is because of their strong ionic or covalent bonding and the low self diffusivity of the
constituent atoms or ions. These characteristics, which are the basis for most of the attractive
properties of ceramics, including strength and chemical inertness, makes them relatively
difficult to join.

There are a surprisingly large number of ways of joining ceramics both to themselves
and to metals. Ideally it would be beneficial to perform any diffusion bonding without
any interlayer, in order to create the ‘perfect’ invisible interface, i.e. one which is pore-
free and defect-free when observed by optical microscopy or scanning electron microscopy.
However, this is often difficult because of problems in promoting sufficient interdiffusion
across the interface in engineering ceramics. For this reason, many different methods have
been proposed during the years. These range from mechanical attachment (such as bolting,
screw threads and shrink fitting), to chemical methods, which are usually further sub-divided
into solid-state and liquid-state joining methods. However, there are several processes which
do not fit neatly into these relatively restrictive definitions (or a combination of two or more),
and instead it may therefore be more useful to consider a spectrum of joining processes
ranging continuously from mechanical to liquid phase. Of course, each joining technique has
its specific temperature capability.

A natural extension to the use of glass or glass-ceramic interlayers to achieve ceramic-
ceramic bonding is to induce in the region between two ceramic surfaces a chemical reaction
which helps to produce a highly refractory chemical bond between the surfaces. In this
“class” of techniques, the use of preceramic polymer is a possible and attractive possibil-
ity to couple an easy joint realization, through the deposition of a polymeric layer, with
the obtainment of a thermally stable ceramic upon pyrolysis. Colombo et al.286 have used
methyl-hydroxyl-siloxane as an interlayer in the joining of silicon carbide (Reaction Bonded
Silicon Carbide, RBSC) itself. The technique was easy to implement using simple application
procedures of the viscous resin to RBSC, followed by curing at 200°C and then conversion to
amorphous silicon oxycarbide at 800-1200°C.
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During the present work, the possibility of exploiting the advantages of preceramic poly-
mers to obtain a ceramic interlayer with the same characteristic (composition, microstructure)
of the substrate materials has been explored, in connection to the materials synthesis results

exposed in Section 4.2.

Joining preparation

Sialon substrate were kindly provided by International Syalons (Newcastle, UK) in the forms
of small blocks of dimensions of 1.2x1.2x0.8 mm. XRD analysis of the substrates (reported in
Fig. 4.31) revealed a pure [3’-sialon composition, without the presence of any other secondary
phase. z-value of (’-sialon was estimated to be lower than 1.0, since the position of the
peaks was found to be intermediate between {3’-sialon with z=1.0 (PDF#077-0075) and f3-
Si3Ny (PDF#083-0701) (corresponding to z=0). YOz was used as sintering aid, although

exact concentration is not known.
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Figure 4.31: XRD pattern of sialon substrates to be joined during experiments.

To select the preceramic formulation, results of Section 4.2.2 were considered. Formulation
z3y was selected as precursor for the joining media, and Ny /H; 2% was selected as the treat-
ment atmosphere, due to the promising results obtained with z3 sample. Formulation z3y
(which contains some Y,03) was selected instead of z3, since the presence of small amounts of
sintering aid demonstrated to be effective for a better materials densification through liquid-
phase sintering. The residual Al,O3 that characterizes this class of formulations, which orig-
inates from silica volatilization, could be potentially absorbed (at least partially) inside the
substrate material, because if its low z-value, and thus have an additional positive influence
on the overall joining process.

Composition for the joining media is reported in Tab. 4.4. After the preparation of the
dispersion, solvent was completely removed by heating in oven at 60°C. Material was then
finely ground in a mortar with a pestle, and then isopropyl alcohol was added drop-wise
to the powders and mixed by grinding with the pestle, until a homogeneous, thick paste

was obtained. Substrates were carefully cleaned in acetone by ultrasonication prior to paste
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deposition. Paste was homogeneously distributed on one of the two sialon substrates by
using a small brush, thus creating a homogeneous layer of paste of approximately 200 pm.
After the deposition of the material, substrates were put together (slightly shifted), and a
high pressure was applied perpendicular to the joined face by clamping the samples. Excess
material was squeezed out and removed, and pieces were then put in oven (still clamped) at
80°C for 3 h, in order to both remove the residual solvent and to favor the flow of the polymer
(which has a Tg in the 45-60°C range). Finally, pieces were positioned in the graphite fixture
reported in Fig. 4.32, and the whole piece was put inside the tube furnace for the final
heat treatment. This fixture was designed to host the pieces to be joined, and to lock them
in a fixed position (but without the application of any pressure). In principle, a certain
pressure perpendicular to the joint region should build up at high temperatures, due to
the CTE mismatch between the sialon pieces and the surrounding graphite: the thermal
expansion of sialon is lower than the thermal expansion of graphite, and at high temperatures
a compressive force is generated, which should have, in principle, beneficial effects on the

joining process.

Figure 4.32: Graphite fixture used during the joining experiments. a=sialon substrates, b=graphite
wedges used to lock the subtrates to be joined, c=main graphite fixture.

The heat treatment pattern was constituted by a dwell at 1550°C for 3 h, with an increasing
rate of 2°/min and a controlled decreasing rate of 10°/min. A constant flow of Ny/Hj 2%
atmosphere was kept during the entire treatment.

After heat treatment, joined samples were ground perpendicularly to the joint plane with
abrasive papers, thus removing approximately 500-1000 um of material. Surface was then
polished, and optical and chemical analysis were carried out.
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Results

In Fig. 4.33 an optical image of the joint region after heat treatment is reported. No macro-
defects could be observed in the sample, such as detachments or macro voids in the joint
region due to material loss. The two faces to be joined adhere one on each other very ho-
mogeneously through all the joint region, although it is believed that the pressure generated
during the heat treatment was not homogeneously distributed through the all surface. Load
gradients are believed to develop because of unavoidable geometrical imperfections present
both in the sialon substrates (minor imperfections) and, most of all, in the graphite fixture. A
good morphological continuity across the joint line could be observed in Fig. 4.33, especially
in those areas where a higher load was believed to be present. Joint region is believed to be
approximately 30 pm thick.

The same region was analyzed by electron microscopy, and images are reported in Fig.
4.34. In order to have an estimate of the material composition around the joint region, chemi-
cal analysis were carried out by an EDS apparatus attached to the SEM. A chemical mapping
of the most relevant elements (silicon, aluminum and yttrium) was made, to obtain some
data regarding both the chemical composition of the joint region, and, most important, about
the chemical homogeneity across the joint region. Results are reported in Fig. 4.35. As could
be observed, besides a good morphological continuity in most of the joint line, clues for a
complete chemical integration could also be found in some areas, while in other areas chem-
ical gradients are present. No evidences of major yttrium gradients are generally observable,
probably due to an effective flow mechanism during the heat treatment, both from the joining
material to the substrates, and viceversa. It could be noted instead that the joint region shows
a generally higher aluminum content than the substrates, while a lower silicon concentration
could be observed as well. This observation could be in accordance with previous findings
(discussed in Section 4.2.2) regarding the silica volatilization process: this secondary reaction
could generate both a decrease in the silicon content, and at the same time a build-up of the
aluminum concentration (which is present, as demonstrated before, as «x—Al,O3). Anyway,
some clues for a complete integration are indicated in Fig. 4.35, where the concentration
gradients of silicon and aluminum are minimized, and almost eliminated.
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Figure 4.33: Optical image of the joining area between the 2 sialon substrates after heat treatment at
1550°C for 3 h.

Figure 4.34: SEM image of the joining area between the 2 sialon substrates after heat treatment at 1550°C
for 3 h.

C

"Full-integration™ zohe

Figure 4.35: Details of the joined region realized by using a polysiloxane/Al,O3/Si3N,/Y,03 mixture.
Heat treated at 1550°C for 180 min in Njp/H; 2%. a) SEM (SE), b) aluminum distribution, c) silicon
distribution, d) yttrium distribution.
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4.4.3 Sialon phosphors
Introduction

Light-emitting diodes (LEDs) using semiconductors offer an alternative method of illumina-
tion. Compared with conventional lamps, LED-based light sources have superior lifetime,
efficiency, and reliability, which promise significant reductions in power consumption.

In general, there are three methods of creating white light in LEDs: (1) using three indi-
vidual monochromatic LEDs with blue, green, and red colors; (2) combining an ultraviolet
(UV) LED with blue, green, and red phosphors; and (3) using a blue LED to pump yellow
or green and red phosphors™. In the latter two cases, appropriate phosphors are used as
downconversion luminescent materials.

The excitation sources used for phosphors in LEDs differ greatly from those of phosphors
in conventional lighting. The excitation sources for phosphors in LEDs are UV (360-410 nm)
or blue light (420480 nm). Therefore, the phosphors in LEDs should have high absorption
of UV or blue light. In addition, they should also have the following characteristics: (1)
high conversion efficiency; (2) high stability against chemical, oxygen, carbon dioxide, and
moisture; (3) low thermal quenching; (4) small and uniform particle size (5-20 pm); and (5)
appropriate emission colors”.

The phosphor most commonly utilized in bichromatic white LEDs is the yellow-emitting
YAG:Ce®" *°, as well as other oxide-based materials. However, most oxide-based phosphors
have low absorption in the visible-light spectrum, making it impossible for them to be cou-
pled with blue LEDs. On the other hand, sulfide-based phosphors are thermally unstable
and very sensitive to moisture, and their luminescence degrades significantly under ambient
atmosphere without a protective coating layer. Consequently, to solve these problems and
develop high-performance phosphors for LEDs, it is essential to modify existing phosphors
or to explore new host crystals for phosphors such as nitrides.

Luminescence in rare-earth-doped III-V group nitrides such as AIN, GaN, InGaN, and
AlInGaN has been intensively investigated because of their potential applications in blue-UV
optoelectronic and microelectronic devices”°’. However, less attention has been paid to the
luminescence of silicon-based oxynitride and nitride compounds.

Silicon-based oxynitride and nitride phosphors have received significant attention in recent
years because of their encouraging luminescent properties (excitability by blue light, high
conversion efficiency, and the possibility of full color emission), as well as their low thermal
quenching, high chemical stability, and high potential for use in white LEDs®.

Covalent nitrides can be considered as host lattices for phosphors because they have the
characteristics of an insulator or semiconductor and wide band gaps, whereas metallic and
ionic nitrides are either electrical or ionic conductors and both have narrow band gaps. Fur-
thermore, the covalent chemical bonding in nitrides gives rise to a strong nephelauxetic effect
(i.e., electron cloud expansion), reducing the energy of the excited state of the 5d electrons
of the activators (e.g., Eu>*, Ce3")®1=%°. This results in long excitation/emission wavelengths
and low thermal quenching, which cannot be achieved in conventional phosphors.

The ternary, quaternary, and multinary covalent nitride compounds, typically silicon-based
nitrides, are interesting because of their unique and rigid crystal structures, availability of
suitable crystal sites for activators, and their structural versatility, which enable the doping
of rare-earth ions to provide useful photoluminescence®. A variety of oxynitride and nitride
materials with promising luminescent properties have been discovered recently °1-0406-6%,

In the following sections, some preliminary results about the possibility of synthesizing
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sialon-based phosphors from preceramic polymers filled with nano-particles will be pre-
sented, in the light of the extremely promising results on sialon synthesis from polysilazane-
based formulations of Section 4.3. These following results, although preliminary, represent
probably the first example of sialon phosphors obtained by using preceramic polymers filled
with nano-sized fillers, and will be surely the subject of future works.

These results were produced in collaboration with Prof. H. T. Hintzen of the Eindhoven
University of Technology (The Netherlands).

Phosphors preparation

[’-sialon composition with low z-value (z=0.4) was selected for the realization of green-
emitting phosphors, since the most interesting emission properties have been verified for
low z-values®. To obtain the desired z-value, amorphous SizN,; nanopowder was inserted in
the starting mixture. Europium atoms were inserted as EuyO3 nanoparticles. For PSZ20, a
ceramic yield of 70 wt% was considered. The hypothesized reaction is given in Eq. 4.6 and

the subsequent formulation is reported in Tab. 4.9.

SiC.66N0.60003 +1,34- Ny + 0.7 - SigNy + 0.2 - Al,O3 4+ 0.008 - Eu,O3 —
2,1 - Eug 016Si5.6Alp.4004N76 + 1.981 - C 4 0.329 - CO (4.6)

Table 4.9: Formulation for the synthesis of a low z-value Eu?*-doped B’-sialon composition, derived
from Eq. 4.6.

Component Composition (wt%)

PSZ20 64.9
AlL,O3 59
SizNy 28.4
Eu203 0.8

The dispersion was realized in analogy to the procedure described in Section 4.3.1. Powders
obtained were pulverized and heat treated in the 1500-1700°C range for 1 h in Ny /H; (5%)
atmosphere.

Results

XRD results are reported in Fig. 4.36, while photoluminescence analysis are summarized in
Fig. 4.37.

From XRD results, interdependently from the firing temperature, 3’-sialon phase with a
low z-value (<0.5) is the predominant phase, while an «-secondary phase is clearly visible,
even if with a lower concentration.

The nature of this x-phase is considered to be of fundamental importance: although is still
to be verified, it is believed that at low temperature (1500°C), « diffraction peaks should be
associated with «-SizNy, likely deriving from the crystallization of the extra Si3zN4 amorphous
powder inserted in the starting formulation.

At high temperature (1700°C) instead, « peaks should be probably associated with o'-
sialon, which forms from the reaction of x-SizN4 with some Al,O3 and EuyOs. As a support
to this hypothesis, a-Si3Nj is the low-temperature form of SizNy4, while the high-temperature
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Figure 4.36: XRD patterns of ’-sialon:Eu>* powders, treated at 1500, 1600 and 1700°C for 1 h in N, /H,
(5%) atmosphere. =f’-sialon, a=« phase (x-Si3N4/ o’-sialon).

form is the 3-Si3Njy. For this reason, the a-peaks should be associated to «’-sialon.

With regards to the europium cations, some Eu®" must be present inside o’-sialon struc-
ture, as a stabilizer of the crystal lattice (necessary to maintain the electro-neutrality of the
crystal lattice). Phase pure Eu-o’-sialon are well known to be more difficult to obtain than
other o’-sialons stabilized with other rare-cations (e.g. Ca, Mg, Y, Yb), due to the strong ten-
dency of europium to be in the Eu?>" configuration rather that in the Eu*>* configuration”".
However, in the present formulation, europium is the only cation present that can effectively
stabilize the «’-sialon phase.

A certain fraction of Eu?" is believed to be present as well inside a-sialon phase, since the
excitation/emission characteristics of the material fired at 1700°C are more similar to Eu?*-
doped Ca-o-sialon than to Eu?*-doped B’-sialon®, especially with regards to the emission
wavelength, which is centered around 580 nm. Also the excitation spectrum seems very
similar to the one of Eu?" in Ca-o/-sialon”.

On the other hand, the emission peak observed at low temperature (423 nm) is difficult
to be identified, since it is different from what previously observed in literature for both
Eu?*-doped Ca-o-sialon (581 nm) and Eu?*-doped B’-sialon (538 nm). Probably, this peak
is associated with some other compounds where europium cations are present at low tem-
perature, maybe an intermediate glassy phase that eventually dissolves inside the «-Si3Ny at
higher temperatures to give the formation of Eu-«’-sialon. A clue for this hypothesis could
be found in the intermediate temperature 1600°C: the unidentified peak at 423 nm dramat-
ically decreases, and at the same time the peak at 570 nm starts to build up, accordingly to
(x-SizNg+Eu-based unknown phase)— Eu-o’-sialon.

These results could possibly indicate that, in the absence of phase purity, i.e. with a «/f3
duplex composition (as in our case), the « phase seems more prone to accept europium
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Figure 4.37: Excitation (a) and emission (b) spectra of Eu2+-d0ped ’-sialon formulation treated at 1500,
1600 and 1700°C.

cations inside its crystal structure; 3-phase instead does not easily accommodate additional
cations inside its lattice. This fact is very well known in literature'’: additional sintering aids
added to ’-sialon powders (e.g. Y>O3) remain in the intergranular regions as glassy phase
(often in combination with SiO, and/or Al,O3), while o-sialons can easily dissolve a wide
range of foreign cations inside their lattice, and a much more limited amount of intergranular

phase is generally observed.
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The research activity described in the present thesis regarded the synthesis of a wide vari-
ety of crystalline ceramics by the controlled pyrolysis of mixtures of preceramic polymers and
ceramic fillers. The work was logically divided in 2 macro-areas: the first one regarded the
synthesis of various silicates, ranging from relatively simple binary systems (e.g. zircon, wol-
lastonite, Y-silicates) to ternary systems (mullte/ZrO,, cordierite). All these ceramics were
synthesized in air in the 1000-1500°C range, and polysiloxanes (Silres MK and Silres H62C)
were selected as precursors for silica.

Mullite/ZrO, nanocomposites, showing extremely interesting mechanical characteristics,
were successfully synthesized at relatively low temperatures (1350°C) starting from mixtures
of Silres MK, Al,O3; and ZrO,. Nano-grains were observed for both the matrix (mullite)
and the reinforcing phase (ZrO;). A favorable effect of the introduction ofr ZrO; on the
mechanical properties was verified: significant improvements of indentation toughness were
observed, associated to an effective t-ZrO; —m-ZrO, transformation during the propagation
of cracks (“transformation toughening”). These materials represent promising candidates as
high-temperature structural parts or as matrix for CMCs (ceramic matrix composites).

With regards to zircon, the synthesis of this ceramic from polysiloxane/ZrO, mixtures was
extensively studied, analyzing in particular the influence of the addition of TiO, nanopowders
and zircon seeds to the formation of zircon phase at high temperatures. While in a pure
silicone/ZrO, system zircon was virtually absent even at 1500°C, the introduction of TiO,
(as a sintering aid) and zircon seeds produced a remarkable effect on the zircon nucleation
kinetic. Highly pure zircon ceramics were synthesized at temperatures as low as 1200°C.
Moreover, the substitution of part of Silres MK with H62C demonstrated to be fundamental
for the realization of bulk, crack-free zircon monoliths, with a relative density in the 81-86%
range and a biaxial flexural strength of 138 MPa.

High-purity cordierite ceramics were obtained by the pyrolysis of MK/Al,O3/MgO mix-
tures. 2 different processing techniques were used for the realization of low-porosity bulk
samples (in analogy with the experimental results obtained for zircon ceramics) and high-
porosity samples, realized by the introduction of PMMA sacrificial micro-beads. In principle,
cordierite ceramics with a tailorable porosity between the maximum value (82%) and the
minimum (19%) could be easily achieved with a very simple processing. This methodology
could also be, in principle, easily extended to other ceramic system, like most of those studied
and described in the present thesis (e.g. mullite-based materials, zircon ceramics).

Porous samples were also realized with a wollastonite composition, starting from mixtures
of Silres MK and CaCOQOj;. Almost pure wollastonite was effectively synthesized at 900°C
by using nano-CaCQOg, or by using micro-CaCO3 and a mixing/extrusion process in an ex-
truder, assisted by supercritical CO, as solvent. To produce porous samples, an alternative
methodology was used: after extrusion, rods produced (that, upon direct pyrolysis, were
characterized by poor mechanical consistency) were pulverized, and powders obtained were
subsequently warm pressed, or simply poured inside Al containers, with and without the
introduction of PMMA sacrificial micro-beads. In both cases, after a heat treatment at 300°C,
the coalescence of CO, micro-bubbles created a quite homogeneous open porosity, which is
of basilar importance for biological applications. Again, results concerning the use of super-
critical CO; to generate a controllable porosity could be, in principle, also extended to other
polymer(s)/filler(s) combinations, and thus to other ceramic systems.

Finally, Y-silicates (both the mono-silicate, Y-MS, and the di-silicate ,Y-DS) were synthesized
from MK/Y,03 mixtures. Environmental barrier coatings (EBCs) on Si-SiC (silicon-infiltrated
5iC) foams were produced by dip-coating on Y,0O3, polysiloxane, kaolin (added to increase
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the stability of the dispersions) and mullite (passive filler) dispersions in isopropyl alcohol.
Analogous dispersions (ZrO, instead of Y,03, and zircon instead of mullite) were also pro-
duced for the realization of zircon-based coatings. In both cases, relatively thick (100 pm)
and homogeneous layers were successfully produced after ceramization treatment. After oxi-
dation test, Y-DS-based coatings seem to have slightly better performances than zircon based
coatings. However, the densification of the coatings has still to be improved. Y-MS instead
was doped with 5 mol% of Eu* (substituting Y3>* cations) for the realization of red-emitting
phosphors for LED applications. A strong luminescence at 614 nm (excitation at 400 nm)
was observed. This experimentation demonstrates the potentialities of this ceramic as a host
phase for rare earths elements, for the realization of thermally stable phosphors with different
emission characteristics, depending on the doping cations introduced.

Ceramics in the Si-Al-O-N systems instead represented the second macro-system investi-
gated. The distinctive characteristic of this class of ceramics is represented by the additional
presence of nitrogen inside their crystal structure, which make the synthesis of this class of
materials not trivial.

First experiments concerned mixtures of a polysiloxane (Silres H44) and Al,O3 nanopar-
ticles. After pyrolysis in inert atmosphere, Silres H44 gives a carbon-rich ceramic residue,
thanks to the phenyl groups present inside its structure. It was hypothesized that this higher
carbon content could provide an efficient reduction of the global oxygen content of the ce-
ramic at high temperatures (through the formation of volatile CO) that, together with a nitro-
gen intake from the furnace atmosphere, would give the formation of sialon phases. It was
verified that, without the addition of additives, it was impossible to achieve high (3’-sialon
yields. On the contrary, the introduction of additives (Y203, extra carbon, CaF,) or the use
of slightly reducing atmospheres (N /H; 2%) demonstrated to effectively increase (3’-sialon
yield. However, from polysiloxane-based formulations, it was not possible to achieve phase
purity, and Al,O3; was always detected as the principal impurity in the final ceramics.

On the contrary, a systematic study with polysilazane(PSZ20)-based mixtures demon-
strated the possibility of obtaining higher 3’-sialon yields, thanks to the presence of nitrogen
inside the ceramic residue of the preceramic polymer. Phase purity was effectively increased
by substituting part of the PSZ20 with a fully inorganic polysilazane (perhydropolysilazane,
PHPS), thus eliminating the only impurity present, i.e. SiC nano-crystals.

Both siloxane- and silazane-based mixtures were successfully applied as sintering aid for
Si3Ny powders. Although similar hardness and toughness values were obtained, siloxane-
based mixtures seem to be more promising, because of higher densification rates and an
easier handling of the precursors, if compared to polysilazane-based mixtures. Future char-
acterization of these composites will focus on their mechanical properties at high tempera-
tures, with special attention to the potentially high creep resistance that this newly developed
highly-crystalline intergranular phase (generated by the evolution of the preceramic polymer-
based mixture) could provide. Siloxane-based mixtures were also applied as joining media
for the joining of sialon substrates. A good morphological and chemical continuity was found
across the joint region, thus indicating the good potentiality of this strategy for the realiza-
tion of the “perfect” joint by a relatively simple processing. Finally, some preliminary results
regarding the realization of (3’-sialon phosphors were presented. The purity of the system
seems to be a critical factor to achieve the desired photoluminescence characteristics. In the
light of these promising results, future works will focus on the synthesis of sialon-based
phosphors and silicon-oxynitride phosphors in general, that represent a relatively new and
extremely promising class of inorganic compounds for LED applications.
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Appendix A

Materials

A.1 Polymeric precursors

A.1.1 Silres MK

Silres MK (Wacker-Chemie GmbH, Miinchen, Germany) is a solid methyl polysilsequioxane
(general chemical formula [RSi-O;5];) powder characterized by a 84 wt% SiO, yield after
pyrolysis in oxidative atmosphere. Silres MK has a melting point in the 35-55°C range, is
soluble in aromatics, esters, ketones and selected paraffins and chlorinated hydrocarbons.
MK can be thermally cross-linked through condensation reactions between the hydroxyl and
ethoxy functionalities present inside its molecular structure, with the consequent release of
water and other volatile species, i.e. ethanol. Cross-linking reactions could also be enhanced

by the addition of appropriate catalysts.

A.1.2 Silres H44

Silres H44 is a solid methyl-phenyl polysiloxane. Similarly to Silres MK, H44 could be ther-
mally cross-linked using the hydroxyl and ethoxy functionalities present inside its molecular
structure, or by the use of an appropriate catalyst. After complete pyrolysis in oxidative
atmosphere, it shows a SiO, yield of approximately 84 wt%.

A.1.3 Silres H62C

Silres H62C is a viscous liquid methyl-phenyl-vinyl-hydrogen polysiloxane. If compared to
MK and H44, it is characterized by a lower ceramic yield (approximately 58 wt%), but is

capable of undergoing thermal crosslinking without the release of gaseous byproducts.

A.14 HTT 1800 and PSZ20

HTT 1800 (also referred in literature as VL20) and PSZ20 (KiON Defense Technologies Inc.,
Huntingdon Valley, PA, USA) are liquid polysilazane, characterized by an alternated Si-N
backbone with methyl (~80%) and vinyl (~20%) side groups. The presence of vinyl func-
tionalities allows a thermally-activated cross-linking process in the 180-200°C range, or at
lower temperature by adding a free radical initiator such as an organic peroxide. Besides
the identical chemical composition, PSZ20 is characterized by a lower amount of oligomers
than HTT 1800, which implies a slightly higher ceramic yield after pyrolysis (in the 70-80
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wt% range). Since the Si-N bond energy is lower than that of Si-O, polysilazane are generally
moisture sensitive, and they could readily react with water to give the following reaction:

Si — NH + H,O —» Si — O + NHj (A1)

For this reason, particular attention must be taken during the handling and processing of this
class of preceramic polymers.

A.1.5 NN 120-20

NN 120-20 (Clariant, USA) is a 20 wt% solution of perhydropolysilazane (PHPS) in di-n-
butyl-ether. PHPS is a fully inorganic polymer, i.e. does not contain carbon-based moieties.
After the evaporation of the solvent in the 20-120°C range, solvent-free PHPS could be cured
in the 180-250°C range. Particular precaution should be taken during PHPS handling, since
it strongly reacts with water, alcohols, protic solvents and amines with evolution of ammonia
and hydrogen gas. In addition, formation of self-igniting silanes is also possible.

A.2 Inorganic powders

High specific surface area fumed metal oxides High specific surface area (SSA) powders
(like most of the powders used during the present research activity) are synthesized by pro-
cesses based on gas-phase reactions. The advantages of this synthesis route are 1) materials of
high purity at high yields and with a high throughput can be produced, 2) large volumes of
liquids as in wet processes are not involved, 3) process time scales are usually very short and
4) multicomponent or nanophase materials can be produced. The Aerosil® process (patented
by Degussa in 1942) is one of the best examples of this type of processes for the realization of
extremely fine SiO, and other inorganic compounds.
For the production of SiO,, the process is based on the following reactions

2H, + Oy — 2H,0 (A.2)

SiCly + 2H,0 — SiO, + 4HCI (A.3)

Silicon tetrachloride is volatilized and fed into an oxygen-hydrogen flame. The water formed
by reaction of hydrogen and oxygen serves for the very fast hydrolysis of SiCly at approx-
imately 1000°C. HCI is then separated and recycled, and powders are collected by conven-
tional means (e.g. cyclones) and de-acidified (for more details, see "Synthesis of inorganic
materials" by U. Schubert and N. Hiising).

Other fumed metal oxides nanopowders could be produced by similar processes, as well
as other compounds. In the case of Si3Ns nanopowders, reaction between ammonium tetra-
chloride and ammonia could give highly-pure SisN4 powders through the following reaction:

3SiCly +4NH3 — SigNy + 12HCI

In this case, final calcination temperature determines the predominant allotropic form of
Si3Ny: «-Si3Ny equiaxed grains are produced at 1420°C, while elongated (-SizN,; whiskers
are synthesized for T>1460°C.

In Tab. A.1 some physical properties of the powders used during the present research work
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are summarized.

Table A.1: Description and properties of inorganic powders used during the experimental work.

Commercial name

Chemical composition SSA (m2/ g) Mean particle size (nm) Purity (%) Producer
Oxides
Aeroxide Alu C Al O3 100£15 13 >99.8 Evonik Industries
Aeroxide TiO, P90 TiO, 90420 14 >99.5 Evonik Industries
ZrO, VP PH ZrOy 100+15 13 Evonik Industries
ZrO, VP 3-YSZ ZrO; (3 mol% Y,03) 100+15 13 Evonik Industries
TiO, VP-P90 TiO, 90 13 Evonik Industries
ZrO, TZ-0 ZrOy 14 40 Tosoh
Y>03 nanopowders Y703 30-50 30-50 99.95% Inframat Advanced Materials
MgO nanopowders MgO 50 30 99.9 Inframat Advanced Materials
Eu,03 nanopowders EuyO3 45-58 >99.9% Cometox
Zircon ZrSiOy 10 pm Industrie Bitossi
Mullite Symulox M72 3AlL,03 - 2510, 3-5 um 90-95% Nabealtec
Nitrides and carbides
SN-E10 SizNy, «-phase >95% 9-13 +15 500 >98% UBE Industries
Amorphous SizNy SizNy 20 Goodfellow
Inorganic salts

CaCOj3 micro-powder CaCOs3 <10 pm Industrie Bitossi SpA
CaCOj3; nanopowders CaCOs3 90 PlasmaChem
CaF, powders CaF, Carlo Erba
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Appendix B

Materials characterization

B.1 X-Ray Diffraction

All XRD analysis were made using Bruker AXS D8 Advance diffractometer (Bruker, Karl-
sruhe, Germany) using a Cu-Ka radiation, 8-26 configuration with a 0.05° step size, unless
differently specified. Phase identification was performed using Match! software package
(Crystal Impact GbR, Bonn, Germany) supported by ICDD PDF-2 Powder Diffraction File (In-
ternational Center for Diffraction Data, Newtown Square, PA, USA) as the reference database.

Rietveld refinements were performed with the MAUD (Materials Analysis Using Diffrac-
tion) program by Luca Lutterotti (University of Trento).

A comprehensive treatise on the Rietveld method could be found in "The Rietveld Method”
by R. A. Young (Oxford University Press).

B.2 Raman analysis

Raman spectra were recorded with an Invia Renishaw Raman microspectrometer attached to
a confocal microscope (50x objective) using the 633 nm line of a He-Ne laser as the excitation
wavelength.

B.3 Density measurements

Density measurements on bulk samples were made following the ASTM-C 373 (”Standard
Test Method for Water Absorption, Bulk Density, Apparent Porosity, and Apparent Specific
Gravity of Fired Whiteware Products”) . After the determination of the dry mass D, the
saturated mass M and the mass while suspended in water S, all density and porosity values
were calculated following the formulas reported in Tab. B.1.

Powders density was measured by gas (helium) pycnometry (AccuPyc 1330, Micromeritics,
Norcross, GA).

B.4 SEM - Scanning Electron Microscopy

SEM images were acquired using FEI Quanta 200 FEG, Quanta 200 (FEI Company, The
Netherlands) and JEOL JSM-6300F (JEOL, Tokyo, Japan) scanning electron microscopes.
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Table B.1: Calculations description for the determination of water absorption, bulk density, apparent
porosity and apparent specific gravity for fired product, as reported in ASTM—-C 373. In the calculations,
water is considered as the buoyant medium, and the assumption is made that 1 cm? of water weights 1

-

Quantity Formula
Exterior volume V=M-S5
Open pores volume Vop=M-D
Impervious portions volume Vip=D-S
Apparent porosity P=[(M-D)/V]-100
Water absorption A=[(M—-D)/D]-100
Apparent specific gravity T=D/(D-Y5)
Bulk density B=D/V

B.5 Mechanical characterization

B.5.1 Flexural strength

4-point flexural strength measurements were made with an Instron 1121 UTM (Instron, Dan-
vers, MA) with a cross-head speed of 1 mm/min. For this purpose, specimens were cut
down to bars of approximately 20 mmx2 mm x2 mm with a diamond wafering blade, and
subsequently carefully polished at 5 um finish and chamfered at the edges, by using abra-
sive papers and diamond paste. Considering a beam of rectangular section, 4-point flexural
strength 0y could be calculated with the equation

_3F(L- L)
T T o

where F is the load applied, L is the length of the support span, L; is the length of the loading
span, b is the width and d the thickness of the rectangular section of the beam (See Fig. B.1).

Figure B.1: Schematic representation of 4-point flexural strength test.

Biaxial flexural strength measurements were made with the “Ball on 3-balls” test (J. Eur.
Ceram. Soc., 22 [9-10] 1425-1436 2002). A simplified scheme of the loading geometry is
reported in Fig. B.2. Based on sample characteristics and on load of rupture, biaxial flexural
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strength was determined with the following relationship

3F(1+v) Ta 1-v b2\ 2

=————~|14+2ln(—)++——-(1- 5| = B.1
Omax = Ty { + n<b>+1+v ( 22) 12 B
where F is the applied load (N), v is the Poisson’s ratio of the specimen, ¢ is the thickness

of the sample (at the center), b is the contact radius of the of the loading ball (assumed equal

to é), r is the radius of the specimen and r, is the support radius of the supporting balls.

a) c)

Figure B.2: a) Experimental set-up for the ball on three balls test; b) view of the positioning of the balls
relative to the sample; c) example of a stress field at the tensile side of the disc for a typical loading
situation.

B.5.2 Compressive strength

Compressive strength measurements were made with an Instron 1121 UTM (Instron, Danvers,
MA) with a cross-head speed of 1 mm/min. Before testing, samples were cut down to an
approximate cubic shape with length of the edges of ~1 cm. Compressive strength o, could
be calculated with the relation

UC:Z

where P is the load applied and A the surface area where the load is applied.

B.5.3 Young’s modulus

For the determination of the elastic modulus, dynamic Young’s modulus measurements on
disc-shaped specimens were carried out, according to ASTM-E 1876 (”"Standard Test Method
for Dynamic Young’s Modulus, Shear Modulus, and Poisson’s Ratio by Impulse Excitation
of Vibration”). This methodology allows to correlate the natural resonant frequencies, the

material properties and the specimen dimension through the following equation:

K [A

fi= 27tr2 \| pt
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where f; is the resonant frequency of interest, K; is the geometric factor for that resonant
frequency, r is the radius of the disc, A is the plate constant (A = Et3/[12(1 — p?)]), t is the
disc thickness, p is the density of the disc, E is the Young’s modulus of elasticity, and y is the
Poisson’s ratio for the disc material.

After the preparation of the samples following the requirements indicated in the norm, the
standard measurement procedure consisted of the following steps:

1. determination of the Poisson’s ratio from the experimental values for the first and sec-
ond natural resonant frequencies, tabulated in the norm text as a function of f;/ f, and

t/r.

2. calculation of two independent values for E using the Poisson’s ratio from step 1 and
the first natural and second natural resonant frequencies, and then the calculation of E

by the following relations:

Ey = [37.6991f2D*m(1 — u?)]/ (K3t3)
Ep = [37.6991f2D%m (1 — u?)]/ (K33)
E=(E1+E)/2

where D is the diameter (mm) of the disc, m is the mass (g) of the disc, and K; and K3
are the fist and second natural geometric factors tabulated in the norm text as a function
of t/r and p.

For each sample, at least 6 specimens were prepared and tested, and the average value was
taken as the final Young’s modulus.

B.5.4 Hardness

Hardness valued were determined by Vicker’s indentation technique. For each sample, at
least 6 impressions were produced, and the average value was taken as the final hardness

value.

B.5.5 Indentation toughness

Toughness measurements were performed by micro-indentation, following the formula pro-
posed by Anstis et al. (J. Am. Ceram. Soc., 64 [9] 533-538 1981).

05
Kic=¢ (E) (;) (B.2)

where K¢ is the indentation toughness (MPa-m®?), E is the Young’s modulus (GPa), H is the
hardness (GPa), P is the applied load during indentation (N), c is the crack length (measured
from the tips of the impression corners, see Fig. B.3) and ¢ is a constant. Appropriate loading
conditions were selected in order to obtain after indentation a so called "half-penny" crack
system (see cross section scheme in Fig. B.3), which the Anstis formula is related to.

When Young’s modulus values were not available, indentation toughness measurements

were made following the Shetty’s relationship:

0.5
HP ) (B.3)

Kic = 0. ekl
I 00889(41
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Cross section
view

Figure B.3: Crack propagation after indentation with a Vickers indenter. c is the crack length considered
in Eq. B.2. A simplified scheme of the "half-penny" crack system is illustrated in the cross section view.

For each sample at least 6 impressions were produced, and the average value was taken as
the final indentation toughness value.

B.6 Differential Thermal Analysis/Thermogravimetry

Differential thermal and thermogravimetric analysis (DTA/TG) were carried out in air or
N, or Ar atmospheres, in the T,,;,—1500°C range (DTA/TGA, STA409, Netzsch GmbH, Selb,
Germany). Temperature increasing rates in the 2-10°/min were used.

B.7 Photoluminescence

Excitation and photoluminescence spectra were acquired using a Jasco FP6300 spectroflu-
orimeter. When dispersions of powders were realized, an equal amount of material was
dispersed in water in a quartz cuvette (1 cm optical path).
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